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Abstract
This thesis develops an understanding of the microstructure and texture evolution, it identi-
fies the corresponding micromechanisms which occur during deformation of two titanium alloys,
Ti-6Al-4V and commercial purity titanium (CPTi). Particular emphasis is placed on the thermo-
mechanical processing required to produce globular α-phase morphologies and the concomitant
evolution in texture.
In-situ synchrotron X-ray diffraction recrystallisation experiments were performed in order
to trace parent to globular textures. During rolling, the α (0002) basal texture softens due to
kinking of the colony α-phase laths. During recrystallisation the texture is observed to strengthen
and slightly rotate as highly strained, misorientated areas of the laths dissolve and globularisation
occurs. It is observed that, recrystallisation times strongly effect the transformed secondary α-
phase texture. Short annealing times produce Bu¨rgers related secondary α orientations but at
longer annealing times the secondary α takes the orientation of the surrounding globularised
primary α grains.
In another body of work, neutron diffraction tensile tests were used in order to measure the
change in lattice d -spacings of two plate product forms of Ti-6Al-4V. A two-phase elasto-plastic
(EPSC) self-consistent model was further developed to rationalise the findings. The loading
response of the two plates are distinct and are well reproduced by the model. It was found that
microstrains were generally larger in the unidirectionally rolled material than the cross-rolled.
Low critical resolved shear stresses for
〈
c + a
〉
slip were required to reproduce the near-zero
strains in the (0002).
Finally to conclude the work, the micromechanics of textured Grade One Commercial Purity
Titanium (CPTi) is fully examined using in-situ neutron diffraction experiments and post hoc
EBSD. Both tension and compression twinning is observed when compressing the texture in the
axial and hoop direction. Limited twining is observed when loading axially in tension. Analysis of
the twin types revealed {101¯2}〈1¯011〉 tension and {112¯2}〈112¯3〉 compression twins are dominant.
Tests revealed a strong reorientation of the texture towards the loading direction in the axially
compressed samples. Twins were observed to be larger when loaded in the axial direction than
in the hoop direction in compression. Which has been interpreted in light of current dislocation
theories. EPSC modelling can closely reproduce both the microstrains and the resultant texture.
The critical resolved shear stresses found are consistent with macroscopic flow curves, lattice
strains and textures.
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Introduction
Titanium alloys have been widely used in aero-engines and aero-structures for the past 50 years,
due to their high specific tensile strength, high corrosion, fatigue and crack resistance, coupled
with an ability to withstand moderately high temperatures without creeping. Titanium used in
aviation gas turbine engines can be categorised into three principle catergories; near α alloys,
such as IMI-834, are used in regions where elevated temperature creep resistance is requirement,
α/β alloys, such as Ti-6Al-4V and TI-6246, are employed in rotating regions operating at less
then 550 ◦C and finally β alloys, such as Ti-1023, are utilised where overall specific strength is
the overriding requirement [20, 21].
There is continuous demand from both aviation manufacturers and end-users alike to improve
emissions, increase efficiency and improve safety of aviation engines. This drive has pushed engine
hot sections into operation at the limit of their mechanical and thermal capabilities. Turbine
blades and disc materials are of key importance as they determine the operating conditions and
hence the fuel economy and thrust characteristics of the engine. These demanding service loads
and conditions have necessitated a vast amount of research in Titanium metallurgy. The aim of
this thesis is to further the understanding of microstructure and texture evolution during primary
processing and to understand internal stress development during mechanical deformation of both
single phase commercially pure titanium and two phase Ti-6Al-4V.
1.1 Gas-Turbine Engines
All turbojet engines work on the same principle, air is sucked into the engine by a large cold stage
1 fan . A compressor, composed of a number of stages of discs and blades attached to the main
shaft, raises the pressure of the air. The compressed air is then mixed with atomised fuel and
ignited in the combustor. The hot gases then expand and are forced out of the nozzle at the back
of the engine, via another series of blades and discs which are attached the central main shaft.
This then powers the front cold stage fans in a closed circuit. The thrust arises from the change
in momentum of the incoming air at the compressor to the accelerated exhaust gases, according
to Newtons 3rd Law. Fig. 1.1 shows a render of the new Rolls-Royce Trent-900 engine which is
used to power the Airbus A380.
The turbine blade regions of turbojet engines are exposed to high mean stresses in addition to
significant alternating stress due to vibration loads. The allowable in-service stresses are critical in
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Figure 1.1. Render of a Rolls-Royce Trent 900 engine used on the Airbus A380. Figure highlights regions of
titanium use and common load regimes.
determining the weight of fan blades, which have incidental implications for the entire engine unit.
Therefore, small material improvements on fan blades yield significant efficiency improvements.
The blade and disc components are normally fabricated by thermomechanical processing to
form a milled product, with isothermal forging (IF) being performed by the end user if required.
Primary hot working is performed above the β-transus to break down the course cast ingot struc-
tures. Secondary α+β working is then carried out to break up the transformed structure and begin
to globularise primary α (αp). It has been reported that improvements in fatigue performance
can be obtained by understanding and controlling the textural effects of processing. However, in
order to achieve this, the mechanism giving rise to this texture must be fully understood.
In recent years, with the development of new techniques, it has been reported that titanium
alloys often posses regions of similarly orientation grains or macrozones. Its is not yet understood
how these macrozones form, whether it be derived from the parent β orientation after initial ingot
breakdown or as an artefact of secondary processing. It is the concern that these regions act as
single microstructural units which drives research in the area. The effective structural unit size
of the material would be in the order of millimeters rather than that of the primary αp grains,
which is ∼ 15 µm in size. This has significant effects on the high cycle fatigue performance.
The emergence of dwell fatigue as a significant issue has lead to vast research in the area.
The application of the Stroh model by Evans and Bache [22] suggests that plasticity in weakly
orientated grains adjacent to strongly orientated grains leads to the elevated stresses in the strong
grain, which can lead to slip occurring when not necessarily expected.
In the past an empirical approach has been used to develop an understanding for the reasons
behind such phenomena discussed above, but in recent years our understanding of fundamental
mechanisms governing titanium deformation has been aided by improved analysis techniques such
as electron backscattered diffraction (EBSD) and in-situ diffraction laboratories [23, 24, 25, 26,
27, 28, 29, 30, 31]. The work described in this thesis has benefitted from the use of various new
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experimental techniques, which has shed light into microstructural and textural development. It
is hoped that the results presented in this thesis will aid in the development of future fundamental
understanding and follow on in-service improvements.
1.2 Thesis Structure
This thesis comprises of six chapters and two appendix. Chapter one is the introduction, which
explains the motivation behind such research and the thesis structure. The thesis is led by a
desire for a full detailed non-empirical understanding of fundamental micromechanisms involved
in processing and deformation of one and two phase Titanium alloys. To produce such, the
development of an extended two-phase elastic-plastic self consistent (EPSC) model is required to
rationalise experimental results.
Chapter two is a survey of the current relevant research literature used as the foundation for
the work in chapters three, four and five.
Chapter three aims to guide the reader through details of the experimental and computa-
tional techniques utilised in this thesis. The experimental methods include the representation of
crystallographic texture and the texture measurement techniques used; laboratory X-ray diffrac-
tion (XRD), electron backscatter diffraction (EBSD) and synchrotron X-ray diffraction (SXRD).
This chapter also includes the post processing and analysis of acquired data. Computational
techniques include two versions of self-consistent model and the subsequent evolution of texture.
These techniques are all appropriate when considering the anisotropic micromechanics of both
Ti-6Al-4V and CPTi. Shorter descriptions and descriptions of the more practical techniques
including details of processing routes and metallographic preparation are presented in chapters
4-6.
Chapter four describes the evolution of texture in β-annealed Ti-6Al-4V during α-β rolling
and recrystallisation annealing using synchrotron X-ray diffraction and ex-situ characterisation
techniques. During rolling, the initial α (0002) texture softens and the colony α becomes kinked.
During globularisation, the texture strengthens as highly strained (and hence misoriented) areas
of the laths dissolve and this strengthening continues once coarsening of the primary α becomes
dominant. At shorter annealing times the αs laths that form on cooling do so with a range of
variant-related orientations to the β, but at longer annealing times this αs takes on the orientation
of the surrounding αp grains. The implications for the mechanical performance of macrozone
containing bimodal Ti-6Al-4V material are discussed.
In chapter five neutron diffraction has been used to characterise the evolution of residual
elastic strain in grains with different orientations due to room temperature plastic deformation
in two plate product forms of Ti-6Al-4V. The evolution of lattice strains has been rationalised
using a two-phase elastic-plastic self consistent model using only the texture difference between
the two product forms. It is found that the elastic properties of both the bulk and individual
orientations can be reproduced quite satisfactorily, with a C ′ modulus of the β phase of 15 GPa.
The residual microstrains produced are generally greater in the unidirectionally rolled material
than the cross-rolled, but are smaller than in Ti-834. The residual strains accumulated in the
(0002) orientation are near-zero, which can only be reproduced in the modelling by assuming a
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critical resolved shear stress for 〈c+ a〉 slip only 1.5× that for 〈a〉 slip, compared to the 3× factor
found for isolated single crystals. The implications of this for our understanding of deformation
in these materials are discussed.
In chapter six the micromechanics of textured Grade 1 Commercial Purity Titanium (CPTi)
are examined using microscopy, in-situ neutron diffraction and self consistent modelling. It
is found that twinning produces greater hardening than slip, that the residual lattice strains
produced in the (0002) are on the order of 0.001 and that both compression and tension twins are
observed for both tensile and compression straining. The critical resolved shear stresses found are
consistent with the macroscopic flow curves, lattice strains and textures produced but are much
lower than those found by the FIB-milled micromechanical testing approach. The twins observed
in axial compression were thicker than those found when compressing in the hoop direction, which
is taken to imply that axial compression produced a greater number of twinning dislocations that
could result in twin thickening.
Chapter seven summarises the major findings of the thesis and suggests related further work
which could be used as the foundations for future projects.
Appendix A displays separated αp and αs EBSD and optical micrographs of intermittent re-
crystallisation heat treatment steps which reinforces work in chapter four. Concomitant summary
discussion is provided to recap the interesting findings.
Appendix B provides further detailed analysis of EBSD data used in chapter five. Com-
prehensive Schmid factor analysis of each product form is used to evaluate the modelled slip
systems.
1.3 Publications
Chapters 4,5 and 6 of this thesis represent published work packages:
1. J L W Warwick, N G Jones, I Bantounas, M Preuss and D Dye. In-situ observation of
texture & microstructure evolution during rolling and globularisation of Ti-6Al-4V. Acta
Materialia, In Press, Corrected Proof, Available online 25 December 2012
2. J L W Warwick, J Coakley, S L Raghunathan, R J Talling and D Dye. Effect of texture
on load partitioning in Ti-6Al-4V. Acta Materialia, Volume 60, Issue 10, June 2012, Pages
4117-4127
3. J L W Warwick, N G Jones and D Dye. Lattice strain evolution during tensile and com-
pressive loading of CPTi. Acta Materialia, Volume 60, Issue 19, November 2012, Pages
6720-6731
Chapter 2
Background Theory
Summary
Titanium is a relatively new engineering material unlike other metals such as Iron, which has been
used since biblical times [32]. Nevertheless, it has been the material of choice for low temperature
stages of aviation gas turbine engines for the past 50 years. It is a prime candidate when resistance
to loading under shock, static and high cycle fatigue conditions are required. Since it was first
reduced in industrial quantities by Kroll, it has found use in many industries including aviation,
biomedical engineering, motor, sports and jewellery.
2.1 Classification of Titanium Alloys
Titanium metallurgy is complex and differs from other light metals in a number of ways:
• Titanium under goes an allotropic transformation, at 882 ◦C, from a low temperature,
hexagonal close packed (α) to a body-centred cubic (β) phase which remains stable until
the melting point at 1678 ◦C. This phenomenon draws direct comparisons with steels where
alloys having α, β, or α/β can achieve improved mechanical properties.
• Titanium is a transition metal which means it has a incomplete outer electron shell in its
structure which means it is able to form solid solutions with most substitutional elements
within a certain size range.
• Titanium reacts with interstitial elements including the gases oxygen, nitrogen, and hydro-
gen with reactions occurring well below the respective melting point [33].
• In its reactions with other elements, titanium may form solid solutions and compounds with
metallic, covalent or ionic bonding.
Alloying of titanium is dominated by the ability of the elements to stabilise either the α or β
phases, which is related to the number of bonding electrons [33]. Alloying titanium results in a
shift in the transformation temperature. As shown in Fig. 2.1, α stabilising elements will result
in an increase in the α→ β transition temperature, whereas β stabilisers will reduce it.
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Figure 2.1. Effect of alloying elements on phase diagrams of titanium alloys (schematically) [1]
As stated earlier adding elements to titanium will affect the α → β transus temperature,
thus in turn it will alter the microstructure and hence tailor its mechanical properties to specific
applications. The α stabilising elements include Al, O, N and C. Their effects on the transus
temperature can be seen in Fig. 2.1. Aluminium is the most common alloying element in titanium
alloys due to its increased solubility in both the α and β phases compared with other elements.
The β stabilising elements are divided into β eutectic and β isomorphous forming elements. Both
phase diagrams are shown schematically in Fig. 2.1. ‘The most frequently used β isomorphous
elements are V, Mo and Nb. Sufficient concentrations of these alloys make it possible for β to
be present at room temperature’ [1]. A more detailed description of the influence of the various
alloying elements on the stability of the α and β phases taking into account electronic and
thermodynamic considerations can be found in a summary article by Collings [34]. It is therefore
convenient to group titanium alloys into α and near α, α+ β and the β alloys. The definition of
β-alloys is not fully agreed upon, but in very general terms, they are capable of retaining 100%
β at room temperature when quenched from the β phase field [20, 21].
2.1.1 α and Near α Alloys
The class of α and near α consists of two categories, the commercially pure grades (CPTi)(with
oxygen and iron as the primary alloying elements) and those with the addition of α stabilisers.
Their primary attribute is good formability but this is affected by alloying additions which can
increase the yield strength from 170 to 400 MPa [35]. In some cases minor amounts of β sta-
bilisers are added to enhance the processing characteristics and to permit greater manipulation
of the microstructure. CPTi has excellent corrosion resistance and is the material of choice for
non-structural moderate strength applications. Stainless steel could be used for most of theses
applications but CPTi offers about 40% weight saving. Some near α alloys find application within
gas turbines at temperatures < 600 ◦C. An example of this being IMI685 (Ti-6Al-2Sn-4Zr-6Mo)
forged compressor discs.
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2.1.2 α + β Alloys
α + β alloys contain moderate amounts of β stabilisers in order to lower the β transus to make
sure some β is retained at room temperature. Ti-6Al-4V is undoubtably the workhorse of the
titanium industry; it accounts for about 60% of all titanium production. It has a minimum
tensile strength of ∼ 896 MPa and has excellent fatigue and fracture properties which can be
tailored through heat treatments. It is used in all product forms including forgings bar, castings,
foil, sheet, plate, extrusions, tubing and fasteners [20]. The properties of Ti-6Al-4V are strongly
dependent on heat treatment and will be discussed in detail in § 2.4.
2.1.3 β Alloys
β titanium alloys form one of the most versatile classes of materials with respect to processing,
microstructure and mechanical properties. β alloys can contain 100% β when quenching from
room temperature. This alloy category can be grouped into stable β, metastable β and β rich
α+β alloys. They are an attractive alternative to α+β titanium alloys due to their high strengths,
wide processing range, deep hardening potential and ductility. Fatigue performance is found to
vary depending on microstructural condition [36]. Forging temperatures for these alloys are lower
that of α+β alloys with heavily stabilised β alloys being cold deformable [37]. This alloy class is
capable of being heat treated to high strengths in excess of 1380 MPa. Also prior processing to
obtain a given microstructure is less important than in the other alloy classes as heat treatments
are normally performed above the β transus [21]. More recent work on Ti-5Al-5Mo-5V-3Cr by
Jones et al. [38] found that a large processing window and a quench insensitive response. It was
suggested this allow was an ideal candidate for large forgings such as landing bogie beams.
2.2 Deformation Modes
The hexagonal α phase is ductile, especially at low temperatures, due to the activation of twin
deformation in addition to conventional slip by dislocations. Although it has long been assumed
that twinning is almost completely suppressed in two phase α + β alloys due to the small phase
geometries and high local solute content, recent reported results suggest otherwise. Prakash et
al. [39] believe that, unlike in cubic metals, the partial dislocations required for the growth of twins
are different from those required for nucleation. Thus, it is proposed that the locally resolved
shear stresses required for nucleation and growth are separate and distinct. It is suggested that the
stress required for nucleation is far higher than for growth and thus once a viable twin nucleus has
been formed, the entire parent grain can be consumed in a short strain increment. The following
subsections will address each deformation mode independently.
2.2.1 Slip Modes
Titanium has various slip planes and slip directions, as shown in Fig. 2.2. α titanium in its pure
form has a c/a ratio of 1.586 which is significantly less than ideal of 1.633. Consequently, α
titanium is intrinsically strongly anisotropic. The active slip planes are the basal (0002) plane,
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the three prismatic {101¯0} planes, and the six pyramidal {101¯1} planes. All these planes contain
the three close-packed directions of the type
〈
112¯0
〉
which are the main slip directions.
<1120>
{1010}
<1120>
(0002)
<1123> {1011}
Basal<a> slip Prism<a> slip
<1120>
{1011}
Pyramidal<a> slip
Pyramidal<c+a> slip
<1123> {1122}
2nd Order 
Pyramidal<c+a> slip
Figure 2.2. Slip planes and slip directions in hexagonal α phase
The planes indicated in Fig. 2.2 together with the possible slip directions, suggest there are
a total of 12 slip systems (Table 2.1). However, this is not the case due to two slip systems
combined action duplicating the action of other slip systems. Taking this into account there are
only 4 independent slip systems.
According to Von Mises criterion at least 5 active slip systems are required for homogenous
plastic deformation of polycrystals. Therefore, slip must be activated on a system with so-called
non-basal Burgers vector. Thus,
〈
c+a
〉
slip or a twinning system is necessary to generate plastic
deformation [40]. Since it has been reported that twinning is almost completely suppressed in
titanium alloys with greater than 5% aluminium [2], such as Ti-6Al-4V,
〈
c+ a
〉
slip is generally
chosen to provide deformation along the c-axis.
Table 2.1. Slip systems in the hexagonal α phase [1]
Slip Burgers Slip Slip No. of Slip systems
system type vector type direction plane Total
Basal
〈
a
〉 〈
112¯0
〉
(0002) 3
Prismatic
〈
a
〉 〈
112¯0
〉 {101¯0} 3
Pyramidal
〈
a
〉 〈
112¯0
〉 {101¯1} 6
1st order Pyramidal
〈
c+ a
〉 〈
112¯3
〉 {101¯1} 12
2nd order Pyramidal
〈
c+ a
〉 〈
112¯3
〉 {112¯2} 6
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Activation of each of the slip systems is dependant on the Schmid factor. The Schmid factor
calculation is influenced by grain orientation relative to the loading axis and the critical resolved
shear stress to move dislocations (Pierrs-Nabarro stresses), such that,
m = cosφ. cosλ (2.1)
where m is Schmid factor, φ is the angle between the loading direction and the slip plane
normal and λ is the angle between the loading direction and the slip direction. A schematic is
shown in Fig. 2.3. The Schmid factor can be written in the form,
τc = σy cosφ. cosλ (2.2)
where σy is the yield stress. In a given material, there are many available slip systems. As the
external load is increased, the resolved shear stress rises on each slip system until eventually τc
is reached . The material will then begin to deform by slip on this system. Slip on other systems
can become active when the critical resolved shear stress is reached for that system.
Loading direction
Slip plane normal
Slip plane Slip direction
Φ
λ
Figure 2.3. Schematic representation of the angles φ and λ used to calculate the Schmid factor under uni-axial
loading.
Fig. 2.4 shows that at room temperature
〈
c + a
〉
pyramidal slip has a critical resolved shear
stress (CRSS) approximately double that of the basal and prismatic slip modes, with the basal slip
mode having slightly higher CRSS than the prismatic. Hence, the percentage of grains deforming
by
〈
c+ a
〉
slip will be low in α titanium, due to the activation of
〈
a
〉
slip being easier.
Many investigative techniques have been applied to measuring the CRSS of
〈
a
〉
and
〈
c + a
〉
slip in hexagonal and non hexagonal materials. These can be split effectively into two categories,
the direct approach using transmission electron microscopy (TEM) [41, 42], and the indirect
approach using modern measurement techniques such as X-ray diffraction [43, 44, 45, 46, 47] or
micromechanical testing [48, 49, 50, 5] using Finite Element (FE) modelling to determine the
CRSS.
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Research can be dated back to the early 1950’s when Churchman investigated slip in single
crystal titanium samples [51]. The main slip systems were identified as prismatic, basal and
pyramidal with differing CRSSs depending on alloying content. In 1980 Jones and Hutchinson
investigated the movement of
〈
c+ a
〉
dislocations in Ti-6Al-4V with the use of TEM and a hard
sphere model [41]. It was found that
〈
a
〉
type dislocations can glide with almost equal ease on
the prismatic, basal, and pyramidal planes. The slip planes for
〈
c+ a
〉
dislocations are primarily
the pyramidal {101¯1}. It was observed that 〈c + a〉 dislocations readily cross slip only when
subjected to compression loading. It is believed that this trait would also be true of {112¯2} type
dislocations. More recent TEM studies by Zaefferer have further extended previous work on Ti-
6Al-4V. Observations found that basal
〈
a
〉
slip has a lower CRSS than the prismatic
〈
a
〉
systems
and that
〈
c+ a
〉
glide systems were rarely activated with twinning systems never present [42].
Figure 2.4. Temperature dependence of CRSS for slip with
˙
a
¸
and
˙
c+ a
¸
Burgers vectors in single crystals of
Ti-6.6Al [2]
Modern micromechanical techniques for measuring CRSS have been introduced by Uchic et al.
in their study of a nickel superalloy [4]. They used focussed ion beam (FIB) milling to produce
micron-sized pillar test specimens, which are then tested using a flat tipped nano-indentation
device. Measurable size effects were observed without identifying the responsible mechanisms.
Continued studies involving the same author, using micro-pillars and crystal plasticity finite
element modelling (CPFEM) have investigated the size effect on the critical resolved shear stress
of single slip orientated crystals of pure Ni [3]. The results emphasise that at the micron-scale and
below both external geometry and internal structure affect the micromechanisms of deformation
and strength.
Despite the intrinsic size effect problems, the concept of micron sized micromechanical testing
has been continued by Wilkinson et al. in multiple investigations into elastic properties and
critical resolved shear stresses of
〈
a
〉
and
〈
c + a
〉
in commercial purity titanium [50, 5, 49, 48]
and recently to measure the fracture toughness of grain boundaries in copper [52].
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m
2μm
a)
b)
+45°
Load point
Free 
end
Fixed 
end
Slip
planes
–45°
+45°
Figure 2.5. (a) Undeformed and deformed micro-pillars from the original work of Uchic and Dimiduk [3, 4]
(b) Micro-cantilevered beam without and with deformation. Schematic of the target 45 ◦ slip plane for micro-
cantilevers [5]
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Fig. 2.5 shows both micro-pillars of Uchic and Dimiduk [3, 4] and micro cantilevered beams
from the work of Wilkinson et al. [50, 5, 49, 48]. One such study by Wilkinson investigates the
CRSSs for prismatic
〈
a
〉
slip in CPTi, Ti-6Al and Ti-6Al-4V, tested using micro-cantalevers. Only
slip on the prismatic plane was activated by selecting the test orientation of the α phase. The
critical resolved shear stress was calculated using an inverse fitting process to CPFEM simulations.
I was observed that for each material the increase in CRSS τ with reducing cantilever width w is
represented well by the expression,
τ = τ0 +
A
w
(2.3)
where τ0 is the CRSS for an infinite sample and A is a constant. The extrapolated CRSS
values are 86 MPa for the CPTi, 308 MPa for the Ti-6Al and 444 MPa in Ti-6Al-4V [50].
2.2.2 Deformation Twinning
Due to the high CRSS of
〈
c+ a
〉
slip, twinning is seen as an important deformation mechanism
in titanium alloys. Twinning is a common deformation mechanism in α and near α alloys such
as CPTi [53]. Although it has long been assumed that twinning is not common in α+β titanium
alloys it has recently been reported that the stress required for nucleation and growth of twins
may significantly differ in α+β alloys such as Ti-6Al-4V. In the past, the lack of microstructural
evidence under optical or electron microscopy has led one to believe that twinning is not an
active mechanism. It is proposed by Prakash et al. that twinning is in fact active but results in
the complete reorientation of the grain in which it is nucleated [39]. It has also been observed
that it is possible for twinning to become active if the grain size and strain rate (∼ 5000s−1) are
sufficient [54].
The main twinning modes in pure α titanium are {101¯2}, {102¯1} and {112¯2} [1]. The crystal-
lographic elements of these three twin systems in α titanium are listed in Table. 2.2. The elements
of twinning may be described geometrically by means of a reference sphere (Fig. 2.6). During
twinning the northern hemisphere of the reference sphere is deformed into a partial ellipsoid of
the same volume. Shear of the crystal lattice parallel to the equatorial plane causes the planes to
mirror each other with respect to this reference plane. The shear associated with twining leaves
two lattice planes undistorted (K1 and K2 before and K ′2 after twinning). All crystal directions
in the upper left segment between K1 and K2 are shortened by the shear. All crystal directions
on the right are extended. K1 and K2 are undistorted and are normal to the shear plane. The
line of intersection of the shear plane with K1 has the η1 direction, K2 the η2 direction , and K ′1
the direction η′2. The shear direction, η1, is thus parallel to the twinning plane and the magnitude
of the shear is,
S = AA′, BB′ (2.4)
where K ′2 is related to the magnitude of the shear, S, by the angle 2Φ according too,
S = 2 cot 2Φ (2.5)
Therefore the twinning can be more completely determined by K1 and η2 or by K2 and η1.
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The orientation changes by an angle, ζ and the rotation pole is normal to the shear plane, where
the rotation angle is ζ = 2(90− 2Φ) [55].
The most frequently observed twins are of the {101¯2} type as they have the smallest twinning
shear (Table. 2.2) [56]. Increasing concentrations of solute atoms in α titanium, such as oxygen or
aluminium, suppress the activation of twinning. Therefore, twinning as a deformation mechanism
only plays a major role in pure and CP titanium with low oxygen content [2].
Table 2.2. Twinning elements in α titanium [1]
Twinning Twinning Second Direction of Plane of Magnitude
plane (1st un- shear undeformed intersection of shear of twinning
deformed direction plane plane of shear perpendicular shear
plane)(K1) (η1) (K2) with K2 (η2) to K1 and K2
{101¯2} <101¯1¯> {1¯012} <101¯1> {12¯10} 0.167
{112¯1} <112¯6¯> (0002) <112¯0> {1¯100} 0.638
{112¯2} <112¯ 3¯> {112¯2¯} <224¯3> {1¯100} 0.225
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Figure 2.6. Relationship between reference sphere and twinning ellipsoid. Also shown are illustrations of the
most common twin systems in titanium both in tension and compression. Annotated on the illustrations are the
twin boundary angle and the resolved shear stresses for each twin type.
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2.3 Microstructural Evolution
The β → α transformation can occur via a sudden martensitic transformation upon quenching
or by a diffusion controlled nucleation and growth process upon slow cooling through the β
transus. The crystallographic relationship between the phases upon transformation has been
studied initially in zirconium [57] and later in titanium [58]. The transformation has the Bu¨rgers
relationship below and is shown schematically in Fig. 2.7.
(110)β || (0002)α (2.6)
[111]β || [1120]α (2.7)
According to the Bu¨rgers relationship stated, a bcc crystal can transform to twelve hexag-
onal variants [59, 60, 61, 62]. The transformation is closely obeyed for both the martensitic
transformation and the nucleation and growth process.
(0001)
{110}
<111>
<1120>
_
Figure 2.7. Schematic representation of the crystallographic orientation relationship between bcc and hcp.
The martensitic transformation involves shearing of the crystal lattice, as a result of inhibited
diffusion, due to the high degree of under-cooling. The diffusion controlled transformation has
been investigated by Semiatin et al. [63]. It has been shown that the initiation and growth of
the primary α phase in a supersaturated matrix under isothermal or continuous cooling can be
diffusion controlled, interface controlled, or controlled via a mixed mode. It was concluded in their
work that the growth of primary α during continuous cooling is halted as a result of transformed
β decreasing the supersaturation of the matrix from which it forms. Nucleation of the α phase
initially occurs at the prior β grain boundaries as a consequence of increased diffusion capability
at the boundary. This alters the local chemistry of the boundary, increasing the concentration
of α stabilisers, which in turn results in a raised local transus temperature hence causing α to
precipitate at these points first.
There are three possible α phase morphologies; lamella, equiaxed and bimodal or mixed.
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Figure 2.8. Optical micrographs illustrating a range of microstructures resulting from transformed β phase on
cooling, from Flower [6]. Process schedules can be found in Flower [6]
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The colony lamella morphology is produced by slow cooling from the β phase field (Fig. 2.8a) [6].
Each colony acts as a large microstructural unit with easy slip transfer across the plate interfaces.
The colony size is greatly affected by slower cooling rates from the β phase field. For example,
in the near α alloy IMI 685, colonies have been observed to vary in size from 10 to 250µm
depending on the processing conditions [6]. With faster cooling rates, a finer precipitation of α
phase is nucleated containing many more variants. This is the precursor to a true widmansta¨tten
morphology, which in turn gives a greatly reduced microstructural unit size (Fig. 2.8d).
In order to produce a globular primary α morphology, found in the bimodal and equiaxed
microstructures, considerable work in the α+β phase field is required (Fig. 2.8f). Heat treatments
will have little affect on the primary α [6]. Secondary α, also known as the transformed β phase,
forms between globular αp with a needle like morphology as a result of nucleation and growth [64].
These α needles form coherent colonies on several habit planes within each β grain (Fig. 2.8b). If
the cooling rate is fast and there are sufficient α stabilisers present in the alloy αs can form a tight
martensitic basket-weave structure (Fig. 2.8e). This consists of regularly interleaved colonies of
plates which exist on a number of habit planes.
2.3.1 Globularisation
Globularisation or spheroidisation is the process which creates an equiaxed α morphology from
the needle/platelets seen in Fig. 2.8. Considerable work has been conducted by Semiatin et al.
on the effect of microstructural features and processing conditions on globularisation kinetics [23,
65, 27, 31]. The theory behind the formation of globularised α was first surmised by Margolin
and Cohen [66]. They argued that globular α formed as a result of surface tension within both
the α platelets and grain boundaries. When nuclei crossed grain boundary α the widmansta¨tten
side-plates were ‘pinched off’ from the new grains as β penetrated the α/α boundaries.
Weisset al. confirmed and further extended the work of Margolin [67]. It was found using
TEM observations that deformation causes α lamella break-up. The following annealing process
is accommodated by shear localisation or substructure formation through recovery and recrys-
tallisation. The β phase subsequently penetrates along both the sheared regions and sub-grain
boundaries, isolating regions of α, creating the so called globular microstructure. Weiss et al.
also identified the importance of the initial α phase geometry, with plate thickness an impor-
tant parameter in α lamella break-up. Larger plate thicknesses promote a partially recrystallised
microstructure.
Experimental results by Semiatin et al. indicate that thermally activated processes such as
substructure formation and dynamic recrystallisation can not be solely responsible for α phase
globularisation [27]. It was found that globularisation kinetics at low strain rates showed little
sensitivity to temperature, which may be rationalised on the basis of dislocation glide. This
hypothesis suggests that dislocation annihilation due to dynamic recovery plays a less significant
role in deformation which reinforces the strain localisation theory proposed by Weiss et al. [67].
Semiatin et al. also noted that α lamella rotate to orientations perpendicular to the compression
axis at the onset of globularisation. These observations suggest that the development of a sharp
microstructural and crystallographic texture may increase the localised shearing effect through
the loss of active slip systems.
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2.3.2 Flow Softening
Flow softening is a common phenomenon observed in the hot working of Titanium alloys. At
high strain rates (> 1.0s−1) it is understood that adiabatic heating is responsible for the majority
of flow softening behaviour. However, at lower strain rates (< 1.0s−1) it has been found that
microstructural changes are accountable. These changes include the evolution of substructure,
the phase morphology changes, discussed in §2.3.1, and the development of texture.
Work on Ti-6Al-4V by Shell et al. has shown that in α+β alloys, the strain required to initiate
dynamic globularisation is significantly higher than that of the onset of flow softening [23]. This
in turn suggests that areas of higher localised strains exist where the α laths are kinked during
deformation. These areas are energetically favourable for nucleation due to the deformation
incompatibilities present.
Research by Semiatin et al. seeks to understand the influence of a colony type microstructure
on the plastic flow response of Ti-6Al-4V [26]. Their work aimed to understand the effect of the
variation in the average slip length of the α phase, and the interaction of the α/β interfaces on the
flow characteristics. It was shown that the α plate thickness follows a Hall-Petch like relationship
(Eq.2.8).
σ = M(τ0 + ksl−1/2) (2.8)
Where M is the orientation factor, τ0 is the friction (lattice) stress, l is the α plate thickness
and ks is the Hall-Petch constant which is related to the hardening contribution of the α/β
interface. At a critical stress, slip transmission across the α/β interfaces serve as initiation sites
for dynamic globularisation (§2.3.1) and thus Semiatin et al. attributed flow softening to the loss
of Hall-Petch or α/β interface boundaries [26].
At low strains (prior to the onset of dynamic globularisation) no such Hall-Petch relationship
exists, instead deformation is controlled by dislocation glide-climb characteristic of power-law
creep [29]. In conclusion the hypothesis of the loss of Hall-Petch strengthening was confirmed
to be the cause of flow softening and that the magnitude and temperature dependance of the
Hall-Petch constants can be rationalised by the classical Eshelby model [68, 25]. Semiatin et al.
also investigated the influence of texture on the flow softening of Ti-6Al-4V. He found anisotropy
in the plastic flow which resulted in texture hardening.
2.4 Thermomechanical Processing
The mechanical properties of α+β titanium alloys, such as Ti-6Al-4V, are very sensitive to the
microstructure, microtexture and macrotexture of the hexagonal α phase, all of which are depen-
dant on the details of the primary processing used in production. Thermomechanical processing
involves a series of hot working and heat treatment steps in order to produce uniform, fine α
microstructure in titanium alloys.
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2.4.1 Bimodal
An example of a bimodal microstructure is shown in Fig. 2.9b together with a processing schematic
demonstrating the thermomechanical processing regime to achieve such a structure. Processing
consists of three or four stages; homogenisation, deformation, recrystallisation and annealing. The
following test discuses the constraints that influence the final microstructure. The most critical
constraint in stage I is the cooling rate from the β phase field, it influences both the amount of
grain boundary α and the width of the α-lamellae in the lamella structure. The β grain size is
always large (> 500µm). In some instances deformation can be introduced during this stage to
break up and ultimately limit the previously large β grain size.
Figure 2.9. Optical micrograph (a) of a typical bi-modal microstructure [7] and corresponding schematic (b) of
the processing regime to obtain a bi-modal microstructure, adapted from Lutjering [8]
Stage II, the deformation stage, is conducted in the α+β phase field, with the lamella structure
being plastically deformed. The degree of plastic deformation should be high in order to introduce
as many dislocations as possible to obtain complete recrystallisation in stage III. The deforma-
tion stage is where crystallographic texture, for improved mechanical response, is obtained. This
texture occurs both in the hcp α phase and also in the bcc β phase. At low deformation temper-
atures, where there is a high percentage of α, a basal/transverse α deformation texture forms.
Whereas at high deformation temperatures, where there is a high percentage of the β phase, a β
deformation texture develops on which the transformation to α occurs, this results in a transverse
type texture. The degree of deformation determines the texture intensity, and the deformation
type determines the textural symmetry (Cross-rolled, unidirectional rolling, pancake forging etc.)
The influential parameters in stage III, the recrystallisation step, are the recrystallisation
temperature which influences the volume fraction of αp located at the triple points of the recrys-
tallised equiaxed β grains and the cooling rate, determining the width of the α lamellae as well as
the α colony size formed during cooling within the β grains. The recrystallisation time in stage
III is not critical, as long as the time is sufficient to obtain complete recrystallisation. This is
due to grain growth being sluggish in two phase (α+β) colonies. After the separation of αp and
β the phase stabilising elements (α O, Al and β V) will partition into their respective phases.
As a result the α lamellae formed in the β phase upon cooling will have a lower concentration of
elements, which promote the formation of age hardened coherent Ti3Al particles in stage IV. In
stage IV the temperature is again more important than the time of ageing due to the Ti3Al par-
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ticle precipitation mentioned above. In Ti 6-4 the Ti3Al solvus temperature is about 550 ◦C, that
means ageing at 500 ◦C will cause age hardening by the precipitation of Ti3Al particles whereas
a heat treatment at 600 ◦C will be a stress relieving treatment. In addition to the age hardening
effect depending on details in stage III , fine secondary α can be precipitated in the β phase.
2.4.2 Lamellar
Figure 2.10. (a) Schematic illustration of the processing regime to produce lamella structure, adapted from
Lutjering [8] . (b) Effect of cooling rate x (marked on (a)) from the β phase field on lamella microstructures in
Ti-6242 LM: (I) 1 ◦C/min (II) 100 ◦C/min (III) 8000 ◦C/min [1]
The processing route for obtaining a fully lamella structure (Fig. 2.10b) is shown schematically
in Fig. 2.10a. The most influential stage is the recrystallisation stage, which occurs after the
deformation stage in the β phase field. The constraints governing the recrystallisation stage
are temperature and cooling rate. The cooling rate from the recrystallisation temperature (from
above the β transus) determines the final lamella structure produced (α lamellae size; α colony size
Fig. 2.10:I,II,III) and the size and morphology of α layers at β grain boundaries. The deformation
stage is used to reduce prior β grain sizes.
2.4.3 Fully Equiaxed Microstructures
The processing route to obtain a fully equiaxed microstructure is identical to the schematic route
shown in Fig. 2.9b for the bimodal microstructure, up to the recrystallisation stage (III). If the
cooling rate from the recrystallisation stage is slow enough, it is energetically more favourable
for the αp grains to grow with no α lamella formed within the β grains. This results in a fully
equiaxed microstructure with the equilibrium volume fraction of the β phase located at the triple
points of αp grains. An example of an equiaxed microstructure is shown in Fig. 2.11.
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Figure 2.11. Light Micrograph of fully equiaxed microstructure in Ti-6242 alloy slowly cooled from the bi-modal
recrystallisation temperature.
It is also possible to form a fully equiaxed structure with a smaller final αp grain size by
lowering the recrystallisation temperature in stage III. At low temperatures the equilibrium vol-
ume fraction of α will be high enough to form a equiaxed structure directly from the deformed
lamella. The mechanism which changes the deformed lamella starting structure to equiaxed is
the same as the mechanism described in the globularisation section (§2.3.1) but in the opposite
direction: α penetrates along the β/β grain boundaries into the recrystallised β lamellae causing
the separation of the β grains in the final microstructure (Fig. 2.12a) [1].
Fig. 2.12b is the resulting microstructure formed during such a process. In Ti-6Al-4V it was
found, using the technique described above, that it is possible to achieve αp grains sizes of ∼2µm
(Fig. 2.12b) [9]. The author emphises the fact that a fast cooling rate from the β phase field
during step I is a prerequisite for obtaining a fully equiaxed structure via the low temperature
method [1].
Figure 2.12. (a) TEM micrograph of the recrystallisation mechanism to a fully equiaxed microstructure at
800 ◦C, Ti-6Al-4V [8]. (b)Light micrograph of fine grained, fully equiaxed microstructure of the Ti-6Al-4V alloy
recrystallised at 800 ◦C [1]
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2.5 Relationship between Microstructure and Mechanical Prop-
erties
The tensile strength of titanium varies greatly, ranging from 500 MPa in CP titanium to about
1500 MPa in aged β alloys, depending on the details of the transformed β morphology. α + β
alloys like Ti-6Al-4V lie in the intermediate range of 900−1300 MPa. Table.2.3 shows the general
relationships between microstructural features and mechanical properties.
Microstructural processes which increase the fracture toughness will increase the critical length
for the instability of fatigue cracks. Improvements in fatigue life are not guaranteed, as this
depends upon the time it takes for a crack to grow to a critical length. Studies have shown that
β-processing, whilst increasing toughness, will decrease the fatigue resistance. Separating the
effects of microstructure on toughness, fatigue crack initiation resistance, and crack growth rate
is not straightforward. Fatigue crack growth rate is lowest for Widmansa¨tten structures which
result from β processing, and highest for an equiaxed α morphology (particularly when associated
with martensitically transformed α+β morphology). In Ti-6Al-4V, the fatigue crack growth rate
is reduced as the annealing temperature in the α+β phase field is increased, effectively increasing
the volume fraction of transformed β in the microstructure. The tortuous crack path across α
plates and along α/β interfaces in the Widmansa¨tten structure is responsible for the low crack
growth rate. In contrast, crack growth initiation resistance is very low in the Widmansa¨tten
structure and hence the low crack growth is not translated into good fatigue resistance [69]. In
microstructures containing colony α morphologies each colony behaves as a single microstructural
unit. Crystallographic cracking within an individual colony can result in large deviations (∆K)
in crack path from the macroscopic plane of maximum stress intensity factor, thus retarding crack
growth. Slip transfer is not easy across colony boundaries and so cause the crack to bifurcate
and change direction in the second colony. Materials with colony microstructures are sometimes
seen to display reduced fatigue life, particularly under high cycle fatigue conditions. Under low
stresses, crack initiation is usually by shear across a single α-platelet, giving very small initial
crack length. However, if a colony is by chance suitably orientated, shear across the entire colony
can result in a much larger initial crack [6].
Thus, the fatigue properties of titanium are greatly affected by structural unit size [70, 64].
Both the grain size and the size of other microstructural units (e.g. α colonies) effect the yield
and tensile strengths. For Ti-6Al-4V a Hall-Petch relationship has been established by taking the
αp grain size as the microstructural parameter [6]. For a related model alloy, similar equations
have been formulated that take into account the β grain size [71] and also extended to include
the effect of a Widmansa¨tten type structure [72, 73].
In general, good fatigue crack propagation resistance and high fracture toughness are achieved
in lamella and acicular plate α structures. Whereas, in equiaxed/bimodal structures, with a high
percentage of αp, higher strength, ductility and crack initiation resistance is possible. Creep
performance is improved with continuous layers of αp as β is characterised by much more rapid
diffusion at a given temperature. Thus, the development of creep resistant alloys have moved
from α+β alloys to the near-α and α materials. To summarise the work of Flower [6], many fac-
tors contribute to the in-service performance of titanium alloys (for example, fracture toughness,
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crack initiation resistance and crack growth resistance all contribute to good fatigue performance).
Improving one factor, such as fatigue crack initiation resistance via an equiaxed α morphology,
will not increase the overall performance of the alloy. It is for these reasons that composite mi-
crostructures are used to achieve optimal overall performance in gas-turbine components. Further
discussion on the effect of both microstructure and texture on fatigue performance can be found
later in §2.8.
Table 2.3. General relationships between microstructural features and mechanical properties of titanium alloys,
source Welsh and Boyer [17]
Microstructural Feature Improves Degrades
Equiaxed α Strength Fatigue crack growth resistance
Ductility Fracture toughness
Fatigue initiaion resistance
lamella α Fatigue crack growth resistance Strength
Fracture toughness Ductility
Notched fatigue resistance Fatigue initiation resistance
Low cycle fatigue
Widmensta¨tten α Fatigue crack growth resistance Strength
Fracture toughness Ductility
Notched fatigue resistance Fatigue initiation resistance
Creep Low cycle fatigue
Grain Boundary α Fatigue crack growth resistance Ductility
Fracture toughness Fatigue initiation resistance
Notched fatigue resistance Low cycle fatigue
Coarse prior β grains Fracture toughness Strength
Creep Ductility
Fatigue initiation resistance
Low cycle fatigue
Fine prior β grains Strength Fracture toughness
Ductility Notched fatigue resistance
Fatigue initiaion resistance
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2.6 Texture Generation
In titanium both the hexagonal α phase and cubic β phase exhibit anisotropic mechanical prop-
erties at room temperature. Therefore, it is of great importance to understand how thermo-
mechanical processing affects the crystallographic orientation of the grains. This is particularly
important in both the bimodal and equiaxed microstructures as considerable work is applied in
the α + β phase field before recrystallisation (§2.4.1, §2.4.3), which can lead to intense crystal-
lographic textures [59]. An interesting experimental observation by Stanford et al. highlighted
the crucial role the Bu¨rgers relationship has to play in the development of texture [74]. Simply
stated, adjacent β grains have [110] planes that are within 10◦ of one another, a common alpha
variant will be observed in both beta grains as a result of the transformation. The inheritance of
such commonly orientated α regions is the foundation for the largely textured areas referred to
as ’macrozones‘ [75].
Thermomechanical processing imparts deformation at elevated temperatures, the deforma-
tion will be accommodated via slip and twinning (§2.2.1, §2.2.2) along preferred crystallographic
planes. As the metal is deformed, slip causes rotation of the lattice to a preferred orientation
leading to texture [76]. The nature of the temperature, stress and the magnitude of the strain
determines the extent and type of texture imparted. Once a texture has been generated, fur-
ther sub-transus heat treatments will have little or no effect on the texture [8]. Fig. 2.13 shows
schematically the different textures which can be formed from both the rolling and forging pro-
cessing regimes.
The hexagonal α phase and the bcc β phase can develop strong crystallographic texture, which
has huge impact on mechanical properties. The processing temperature determines the texture
type and the deformation mode determines the texture symmetry. At lower temperatures there
is a high volume fraction of α phase present during deformation and therefore an α deformation
texture is formed (basal/transverse). At high processing temperatures, above the β transus, a
β transformation texture is observed. The temperature range from the transus to ∼ 930 ◦C is
industrially utilised on unidirectionally rolled plate product to obtain a transverse type texture.
The temperature in this range has greatest effect on the volume fraction of α phase present.
Prior to thermomechanical processing, it is essential to determine the α → β transformation
temperature which dictates the processing window. The experimentally determined β approach
curve for Ti-6Al-4V can be seen in Fig. 2.14. The curve is calculated using a series of heat
treatments at temperatures nearing the transformation temperature followed by quantitive image
analysis. The α → β transformation was found to be 1000 ◦C ± 5 ◦C. The temperature range
from 930 ◦C to 1000 ◦C equates to a large change in volume fraction of β phase. In between the
low α+β processing temperature and high α+β temperature range it has been shown by Peters
et al. [9] that the intensity of the basal/transverse texture decreases with increasing temperature
and the transverse texture has a low intensity due to the low volume fraction of β phase. In the
range from 900− 930 ◦C texture softening has been observed [9].
Peters et al. [9] conducted work investigating the effect of processing on texture. Fig. 2.15
shows the maximum observed texture intensities as a function of deformation temperature for
both unidirectional and cross rolled processes, this also helps to justify Fig. 2.13. The tendencies
in Fig. 2.15, for unidirectional rolling, can be explained as follows: the deformation texture of
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Figure 2.13. Crystallographic textures (0002 pole figures) formed during rolling (top) and forging (bottom)
within the indicated temperatures in α + β titanium alloys (schematically). Temperatures are in ◦C and the
primary processing direction is in the north pole of all pole figures, after Lutjering [8]
Figure 2.14. Beta approach curve for Ti-6Al-4V determined via a series of heat treatments and quantitative
image analysis.
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the α phase (basal/transverse texture) decreases with increasing deformation temperature to
900 ◦C and above due to an increasing concentration of the β phase. The then reappearing
higher intensities of the transverse part are actually due to a new α phase texture development
mechanism from a bcc β phase deformation texture.
Figure 2.15. Unidirectional and cross rolled maximum texture intensities for the basal and transverse parts as a
function of deformation temperature, after Peters [9]
When cross rolling (XR), the textures produced show more radial symmetry. The cross rolling
process differs from unidirectional in that the rolling direction is rotated by 90◦ after each rolling
pass. At temperatures below 900 ◦C a pure basal type texture is developed. This is a product of
the change in rolling direction. The basal planes belonging to the transverse part of the texture
lie in a position perpendicular to the rolling direction, hence rotating by 90◦ will suppress the
transverse part of the texture. As in the unidirectional rolling case, rolling above 900 ◦C produces
a transverse texture [9].
2.7 Effects of Texture
The effect of crystallographic texture on mechanical properties can be pronounced in titanium.
In the past, great care has been taken in order to produce randomly textured components, as it
has often been argued that anisotropy could compromise the design process. However, in order
to harness the full potential of titanium and its alloys, a greater understanding of texture control
is required.
The two most common texture in Ti-6Al-4V after unidirectional rolling are the transverse (a)
and the basal/transverse type textures which can be seen in Fig. 2.16. The development of texture
is discussed in both §2.4.1 and §2.6, with the relationship between deformation temperature and
texture type/intensity shown in Fig. 2.13 and Fig. 2.15. The intensities in Fig. 2.16 are higher
than what would be achieved commercially due to the samples being of a laboratory scale.
Lutjering et al. showed how the tensile properties for the two textures changed as a function of
test direction (Fig. 2.17) in Ti-6Al-4V [1]. Further work by Bache et al. on unidirectionally rolled
Ti-6Al-4V further confirmed the anisotropic results of Lutjering [77]. Experimental results showed
that highly textured unidirectionally rolled (UD) rolled Ti-6Al-4V plate demonstrates significantly
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Figure 2.16. Common texture types of α phase (0002 pole figures) in Ti-6Al-4V with bi-modal or fully equiaxed
microstructures: (a) Transverse texture (T) (b) Basal/Transverse texture (B/T) [1].
Figure 2.17. Influence of loading direction on tensile properties of fully equiaxed microstructures (α grain size:
2 µm) with B/T and T textures, Ti-6Al-4V: (a) Modulus of elasticity E (b) Yield stress σ0.2 and ductility RA [1].
The hexagonal crystal structure schematics indicate the direction in which the texture is loaded. The numbers
indicate the directions marked on the pole figures in Fig. 2.16
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different monotonic strengths depending on test direction, relative to the basal planes. Loading
in the transverse orientation, perpendicular to the preferred basal plane direction, promotes high
UTS and yield strength. Further discussion on the textural effects on fatigue performance can be
found in §2.8.
2.8 Fatigue Performance in Titanium
The fatigue performance of titanium alloys will be investigated in detail in the following section.
The general subject of fatigue can be divided into the factors which affect the life of an un-cracked
specimen, which is dominated by crack initiation considerations and the factors which affect the
rate of which a crack propagates during cyclic loading. While this distinction is convenient for
the purpose of organisation, it is clearly not ideal as the fraction of the total life of a fatigue
loaded component depends on the alternating stress level.
2.8.1 Crack Initiation
Microstructure
It is well known that superior high cycle (107 cycles) fatigue performance in Ti-6Al-4V is ob-
tained when the slip length is small [78, 79, 80, 81, 82, 64]. Small slip lengths accompany a fine
grained microstructure which is achieved with faster cooling rates. In general all microstructural
parameters which increase the yield strength and/or reduce the slip length should improve the
high cycle fatigue (HCF) strength.
- Lamella
Fatigue cracks initiate, in a lamella structure, within pronounced slip bands which normally
span the entire α colony width depending on cooling rate (slow/medium). In a faster cooled
specimen where a acicular or widmansa¨tten α morphology is produced, fatigue cracks usually
nucleate at the widest α plates. Lutjering et al. suggested that fatigue cracks nucleate due to
preferred slip band activity within the coarser α plates. Fatigue cracks are occasionally nucleated
at the continuous α layers at β grain boundaries in the faster cooled microstructures.
- Bimodal
The lamellar grains, within a bimodal morphology, are softer than the αp grains due to element
partitioning. It has been found that the negative effects of element partitioning far outweigh the
positive effects of reduced lamella α colony size. Therefore fatigue cracks are found to nucleate
in the lamella regions propagating the entire length of the colony. The HCF strength is also
continuously lowered with increasing volume fraction of αp until a threshold is reached bearing
in mind the discussion in this section is focused on initiation and not propagation.
- Equiaxed
The mechanical properties of fully equiaxed microstructures are primarily influenced by the
globular α grain size (Fig. 2.19), since the α grain size determines the slip length. Crack nucleation
during HCF is found to shift from the lamella grains in the bimodal microstructure (Fig. 2.18) to
occur at the interface between globular α grains. When comparing fully equiaxed and fully lamella
microstructures with similar α plate/grain size, the HCF strength in full equiaxed morphologies
are much higher.
Texture, Microstructure and Deformation Mechanisms in Titanium Alloys 29
Figure 2.18. Fatigue crack initiation in the lamella region of a bimodal microstructure [1]
Figure 2.19. Effect of globular α grain size on HCF strength of fully equiaxed microstructures, Ti-6Al-4V [1]
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Texture
Improvements in fatigue crack initiation resistance via texture control have been studied by Peters
et al. [83]. It has been shown that fatigue life of textured components is strongly dependent on
test environment [84, 85]. Bache et al. suggests these differences to be a result of hydrogen
embrittlement along basal planes, therefore, making the fatigue strength highly test direction
dependent (Fig. 2.20).
Figure 2.20. Influence of texture and test direction on HCF strength, Ti-6Al-4V, fully equiaxed microstructures
with α grain size of 2 µm: (a) Vacuum tests (b) Air tests [8]
Fig. 2.20 shows the effect of test direction in both air and a vacuum. The effect of hydrogen
in the air test is obviously more pronounced when samples are loaded perpendicular to their
basal planes as higher normal and shear stress are acting (TD loading in Fig. 2.20). When the
hydrogen content reaches a critical level (typically ∼100ppm) new failure mechanisms are active;
α/β interface cracking, prior β boundary cracking and separation along basal planes. Experiments
conducted in a vacuum obeyed the general rule that a higher yield stress will give rise to higher
fatigue strengths [9]. Samples with a B/T texture loaded along the transverse direction have a
higher fatigue strength than samples exhibiting a transverse texture. This is attributed to larger
slip lengths in the transverse texture, where grains are aligned with the same crystal orientation.
Whereas in the B/T texture slip planes are orientated perpendicular relative to each other giving
the B/T texture a superior fatigue life in a vacuum. In laboratory air tests the fatigue strength
when loading in the transverse direction (TD) is reduced drastically in both texture types. This
is attributed to the effects of hydrogen along basal planes, where the ease of slip reversibility
promotes crack nucleation rates [9].
2.8.2 Crack Propagation
Fatigue crack growth behaviour in titanium alloys is influenced by a number of factors, including
microstructure , stress ratio (R), test environment and texture. Each of these parameters will be
discussed in this section, with particular focus on on the predominant factor microstructure.
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Figure 2.21. Influence of microstructure on fatigue crack propagation rates in Ti-6Al-4V [10]
Microstructure
Fig. 2.21 shows Fatigue Crack Propagation (FCP) curves for all microstructures measured in
both air and vacuum. The dependance of FCP on microstructure can be generalised by stating
a course grained microstructure will exhibit a better FCP resistance than a finer one. For the
purpose of this report each microstructure’s FCP resistance will be discussed independently.
Lamellar
Studies have shown microcracks propagate faster in coarse lamella microstructures as com-
pared to the fine lamella microstructures [86, 10, 87, 88]. This is due to the fact that only colony
boundaries and β boundaries are obstacles to crack propagation. In fine lamella microstructures,
microcracks nucleate at the coarsest α plates and propagate along the interfaces before later mov-
ing through the matrix. Lamella structures are also strongly affected by crystallographic texture
at the crack tip, for example two α colonies in coarse structures or two individual α plates in finer
structures can cause the crack tip to change direction and propagate on a different path [10].
Bimodal
Figure 2.22. Crack front profiles of microcracks in Ti-6Al-4V, viewed in the plane perpendicular to the crack
propagation direction: (a) Coarse lamella (b) Bimodal [1]
Lutjering et al. found that microcrack propagation rate in a bimodal microstructure is slower
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than in a lamella structure. Lutjering surmised that this was due to the effect of smaller α colony
size in the lamella region [1]. Lutjering also showed the effect of microstructure on the crack front
profile illustrated in Fig. 2.22. The crack front profile for the coarse lamella structure is rough
with the crack steps clearly visible and lying in an unfavourable orientation for crack propagation.
Whereas, the crack front profile is relatively smooth in the bimodal morphology.
Equiaxed
Peters et al. demonstrated the strong influence microstructure has on fatigue crack propaga-
tion in Ti-6Al-4V [10] (also illustrated in Fig. 2.21). It was found that microcrack propagation
rate of fully equiaxed microstructures will decrease with decreasing α grain size. The work of
Peters was further extended by Gray et al. [87], they found that microcracks propagated through
areas containing interconnecting αp grains where the slip length is large, which decreases the FCP
resistance in the equiaxed structure. It must be stressed that both the fatigue crack propagation
resistance and fatigue crack initiation resistance must be taken into account when evaluating
overall fatigue strength.
Texture
Computational models have been developed that investigate the influence of neighbouring grain
orientations on load distribution at grain boundaries [89]. They suggest that a ‘soft’ grain neigh-
bouring a ‘hard’ grain will prevent slip transmission through the boundary which consequently
induces a shear stress along an unlikely orientated plane (in this case the basal plane). A ‘soft’
grain is defined as a grain whose c-axis is near perpendicular to the principal loading direction and
a ‘hard’ is defined as a grain whose c-axis is near parallel to the principal loading direction [70].
Macrozones are areas of commonly orientated grains. It has been shown by Lindermann et al.
that when these grains are orientated unfavourably, the area acts as a single multiple initiating
crack which extends the whole macrozone [90]. Fractography studies combined with EBSD have
revealed these macrozones are responsible for large regions of continuous facet cracking [84]. By
eliminating these microtextured regions the fatigue strength of Ti-6Al-4V is found to increase.
Figure 2.23. Low magnification inverse pole figure map of large macrozone formation in IMI 834 [11]
An example of a macrozone can be seen in Fig. 2.23 in a forged near α alloy, IMI 834 [11].
The root cause of macrozones is still not yet fully understood despite intensive research in the
area [91, 92, 93, 94, 74]. It is believed it could be a variant selection process from the α → β
transformation and heterogeneous deformation during α+ β processing.
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2.9 Variant Selection
As mentioned in §2.3, when heated to temperatures higher than 882 ◦C commercially pure ti-
tanium undergoes a transformation from hcp (α) to a bcc (β) structure. Bu¨rgers proposed an
orientation relationship based on structural similarities (Eq. 4.1 and Eq. 2.7). As the crystal
transforms from hcp to bcc, there are six possible symmetrically equivalent orientation variants.
However, on cooling, when the crystal returns to hcp from a bcc structure, there are 12 equivalent
possible hcp variants (Table. 2.4). This is due to the fact that from each pseudo-close packed
plane in the bcc structure two possible orientation relationships can be established, depending
on the position the hcp basal plane takes with respect to the {110}β. Jourdan et al. showed that
titanium has a distinct memory effect, i.e, the crystal returned from the same orientation from
which it started [91].
Table 2.4. Variant of the Burger’s orientation relationship between β and α precipitates.
V1 (110)β ||(0001)α [111]β ||[1120]α (112)β ||(1100)α
V2 [111]β ||[1120]α (112)β ||(1100)α
V3 (110)β ||(0001)α [111]β ||[1120]α (112)β ||(1100)α
V4 [111]β ||[1120]α (112)β ||(1100)α
V5 (011)β ||(0001)α [111]β ||[1120]α (211)β ||(1100)α
V6 [111]β ||[1120]α (211)β ||(1100)α
V7 (011)β ||(0001)α [111]β ||[1120]α (211)β ||(1100)α
V8 [111]β ||[1120]α (211)β ||(1100)α
V9 (101)β ||(0001)α [111]β ||[1120]α (121)β ||(1100)α
V10 [111]β ||[1120]α (121)β ||(1100)α
V11 (101)β ||(0001)α [111]β ||[1120]α (121)β ||(1100)α
V12 [111]β ||[1120]α (121)β ||(1100)α
Orientation changes during the phase transformation have also been investigated. Several
researchers have observed that when titanium with a strong rolling texture is heated above the
transition temperature and cooled, the resulting hcp texture is similar to the starting texture [59,
60, 61]. These are the foundations for the belief that variant selection is possible in titanium and
its alloys. It has long been known that the final properties of titanium are strongly effected by
the evolution of crystallographic texture during processing. Gey et al. determined the important
role prior parent β grains have in determining if variant selection will occur [59, 60]. Their study
found that during plastic deformation in the β phase field, a high density of dislocations pile up
at certain points in the material, which in turn become nucleation sites for the α phase. These
points are the most active slip systems operating in the parent bcc β grain.
Various studies have shown that variant selection can occur over a range of temperatures, with
the degree dependent on the volume fraction of β phase present to be transformed [95, 62]. The
basis for variant selection is the accommodation of strain created by the β → α transformation.
Humbert et al. suggested that variant selection is a result of the mechanisms tending to minimise
of free energy during transformation [94]. It seems that the strain elastic energy induced by
the transformation strain at the boundaries of the β/β and particularly αp/β grains could be of
importance [94].
Assuming Humbert’s hypothesis each α colony, within one prior β grain, is related to one
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another depending on the accommodation of strain. Hence using these relationships it is possible
to determine the parent prior β grain orientation from the room temperature hcp α phase. More
recently Gey and Humbert concluded that variants within one prior β grain share specific mis-
orientations with each other due to their near Bu¨rgers orientation relationship with a common
parent. The misorientations between such variants generally lie within three bands 10◦, 60◦− 63◦
or 90◦ [59]. Germain et al. validated the work of Gey and Humbert, but determined that a
minimum number of α variants are required to determine the prior β grain orientation without
ambiguity [96].
Most of the more recent methods for studying prior β orientation focus on ‘back’ mapping
from room temperature electron back scattered diffraction (EBSD) maps [97, 61, 98]. These
methods tend to use the Humbert model [99], where he assumes that one α variant can come
from six possible β orientations. Therefore, in order to calculate the prior β grain orientation, all
α variants are required to be rotated back to their previous possible β grain orientations, with
the most common solution for all variants to be taken as the actual prior β grain orientation.
2.10 Measurement of Lattice Strain by Neutron and Synchrotron
X-ray Diffraction
Diffraction offers a unique tool for measuring lattice strains. Unlike other techniques, diffraction
measurements are specific to individual lattice planes and phases. Among the diffraction methods,
neutron diffraction has the deepest penetration, enabling the bulk of the material to be sampled.
This is a major advantage because the stress state at the surface often differs from that in the bulk.
The scattering intensities achieved with neutron diffraction are low in comparison to synchrotron
x-ray diffraction and thus the diffracting volume must be relatively large (10mm3, in comparison
to 0.1mm3 for synchrotron x-rays). However, this carries the advantage that a large number of
grains are sampled, providing a statistically representative average.
2.10.1 Lattice Strain
Lattice strain is calculated from the change in inter-planar spacing within the crystal lattice,
measured by diffraction of planes adhering to the Bragg condition. A polycrystalline sample
contains many orientations and thus, provided the radiation has a suitable wavelength and a
sufficient quantity of grains lie within the diffracting volume, a diffraction spectrum is produced.
The measurement of lattice strain by both synchrotron and neutron diffraction relies on the precise
measurement of inter-planer spacing, dhkl. The strain in the lattice can then be calculated by
converting 2θ peak positions into d-spacings using Bragg’s Law, nλ = 2dhkl sin θ. Finally, the
strain in the lattice for each hkl peak, εhkl, can be calculated using Eq. 2.9.
εhkl =
dhkl − dhkl0
dhkl
(2.9)
where dhkl is the current peak position and dhkl0 is the original peak position in the unstrained
condition.
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2.10.2 Time of Flight Neutron Diffraction
The neutron source used in this study is a pulsed or spallation source, which means a ‘time of
flight’ method is employed for strain measurements. This uses a white beam where the whole
range of wavelengths are scattered in the sample to utilise the available neutrons more efficiently.
In the time of flight method, the neutron pulses are directed along a beamline, diffracted in the
sample and then into a detector, with a total path length from moderator to detectorl. A neutrons
‘time of flight’,t, along this distance depends on the momentum of the neutron, which is linked to
its wavelength λ through the de Boglie relationship (Eq.2.10). The detectors are placed at a fixed
diffraction angle θ, and intensity is recorded as a function of time. Diffraction peaks are observed
when a wavelength which satisfies the Bragg condition for a certain lattice spacing arrives at the
detector.
λ =
h
mnv
=
ht
mnl
(2.10)
where h is Plank’s constant, mn the neutron rest mass and v the neatron speed. Substituting
for λ in the Bragg equation gives:
ht
mnl
= 2dhkl.sinθhkl (2.11)
rearranging;
t =
2mnlsinθhkl
h
dhkl (2.12)
For neutron ”time of flight” stain measurements, the counts from a number of pulses are summed
to produce a sufficiently intense diffraction profile. Since dhkl is proportional to t, elastic strain
is given by Equation 2.13.
ε =
δdhkl
dhkl
=
δt
t
(2.13)
2.10.3 Single Peak Fitting
In order to determine accurately the peak position, a peak function is fitted to the data using a
least squares minimisation. This uses optimum values for the coefficients in order the minimise
chi-squared. Chi-squared is defined by equation 2.14.
k∑
i=1
(
Xi − µi
σi
)2
(2.14)
where Xi is a fitted value for a given point, µi is the measured data value for the point and σi
is the standard deviation of µi. Various functions may be used to describe the peak shape. The
easiest fits for neutron data are Gaussian, Lorentzian and Voigt functions. The determination
of the ideal fitting function is done by trial and error, analysing the residuals of each fit. More
complicated fitting functions may be used if necessary. The algorithm used for single peak fitting
is packaged in programs such as GSAS (General Structural Analysis System) [100] or Wavemetrics
Igor Pro. The GSAS program allows full analysis of diffraction data via a Rietveld refinement,
discussed in §2.10.4.
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The Gaussian distribution function is described by the equation 2.15
y = y0 +Aexp−
(
(x− x0)
width
)2
(2.15)
noting that width =
√
2σ, where σ is the standard deviation.
The Lorentzian distribution function is described by the equation 2.16
y = y0 +
A
(x− x0)2 +B (2.16)
where x0 and y0 specifies the location of the peak centre, A and B are fitting coefficients. Finally
the pseudo-Voigt function is a linear combination of the Lorentzian and Gaussian functions.
2.10.4 Rietveld Refinement
Rietveld refinement was developed in order to determine crystal structures using diffraction pat-
terns [101]. One of the original motivations of Reitveld was to be able to extract information
from overlapping peaks [101]. From a proposed crystal structure, a theoretical diffraction pattern
profile is predicted. The algorithm may be used for a number of purposes, including the accurate
determination of lattice parameter (when the crystal structure is already known). Since the entire
profile is fitted, the position of all diffraction peaks are taken into account. This greatly improves
the counting statistic relative to a single peak fit, leading to a more precise strain determination.
The Rietveld refinement can also be used to determine the preferred orientation of grains or
texture. Texture causes the relative intensities of diffraction peaks to differ from those expected
from a randomly orientated polycrystal. By using a orientation distribution function with the
refinement, the parameters may be found by fitting the observed intensities, thereby determining
the sample texture. For full texture determination using this method, spectra must be collected
with the sample rotated to different positions. However, if symmetry is assumed in the sample,
fewer spectra are required for a full texture analysis. Even if the texture is not of primary concern,
it is beneficial to incorporate texture parameters when testing a textured polycrystal, in order to
obtain a good peak fit [101].
Mathematically, the Rietveld refinement is an equation based on the simultaneously refined
models for crystal structure, diffraction optics, instrument factor and specimen characteristics
including lattice parameter and texture [102, 103, 104, 101]. The peaks of a diffraction pattern
are Gaussian and the relationship between halfwidth and diffraction angle is well known. This
functional relationship between the parameters mentioned above is expressed as the residual, Sy
is minimised by the least squares refinement:
Sy =
∑ 1
yi
(yi − yci)2 (2.17)
Where yi is the observed intensity and yci is the calculated intensity at the ith step. The
calculated intensities yci are determined from the structure factor Fhkl by summing the calculated
contributions from neighbouring Bragg reflections plus the background. Later Rietveld analysis
was applied to quantitive analysis. Here the objective is not to refine the constituent structures,
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but utilising them to refine the scale factors such that,
yci = s
∑
hkl
Lhkl |Fhkl|2 φ(2θi − 2θhkl)PhklA+ ybi (2.18)
Where s is the scale factor, Lhkl contains the Lorentzian peak, polarisation and multiplicity
factors, and φ is the reflection profile function. Different common peak fitting functions such
as Gaussian, Voigt and pseudo-Voigt can be used. The Rietveld and Pawley methods differ as
follows. Within the Reitveld method, the peak positions are found by fitting a - global - set of
lattice parameters, whereas in the Pawley method each peaks position and hence d-spacing is
fitted individually. For further details, the reader is referred to Rietveld [103]

Chapter 3
Experimental and Computational
Techniques
Summary
This chapter aims to guide the reader through details of the experimental and computational
techniques utilised in this thesis. The experimental methods include the representation of crys-
tallographic texture and the texture measurement techniques used; laboratory X-ray diffraction
(XRD), electron backscatter diffraction (EBSD) and synchrotron X-ray diffraction (SXRD). This
chapter also includes the post processing and analysis of acquired data. Computational techniques
include two versions of self-consistent model and the subsequent evolution of texture. These tech-
niques are all appropriate when considering the anisotropic micromechanics of both Ti-6Al-4V
and CPTi. Shorter descriptions and descriptions of the more practical techniques including details
of processing routes and metallographic preparation are presented in chapters 4-6.
3.1 Representing Crystallographic Texture
The role of crystallographic texture in engineering alloys has become more significant in the
last 20 years with the emergence of new technologies. The properties of polycrystalline metals
depend on a variety of different factors. To interpret these factors one must first investigate the
properties of single crystals and the mechanisms involved during deformation. Due the mechanical
anisotropy of the crystal structure, the properties of hexagonal materials are strongly influenced
by crystallographic orientation.
In order to quantify, analyse and compare textures one must have a systematic way of rep-
resenting them. This can be done with a variety of different conventions. Inevitably the task of
mapping three dimensional variables with a two-dimensional representation is complicated and
sometimes unclear. However, a complete description of a texture is described using an orienta-
tion distribution function (ODF), but when single orientations are of interest it is beneficial to
represent textures using so called pole figures. Each data point in an orientation distribution
represents a specific orientation or texture component, with each line integration through a ODF
representing an intensity on a pole figure plot. The ODF can therefore be used to reconstruct
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non-measured orientations. It is unfortunate however, that ODF’s are not directly measured and
calculations based on experimentally measured pole figures are required to reconstruct a ODF.
In order to understand the reconstruction of the ODF, one must first understand Euler angle
notation.
3.1.1 Euler Angle Notation
Euler space is defined by three angles (Euler angles), which constitute a set of three consecutive
rotations which transforms the crystal reference frame into the sample coordinate frame. There
are three main conventions for Euler angles. The differences lie in the choice of the rotation
axis and the sense of rotation. The commonly used conventions are Bunge (which is described in
Fig. 3.1), Roe(Matthies) and Kocks (Symmetric) [12]. The relationship between these conventions
is shown in Table 3.1.1.
Table 3.1. Euler angle convention [12]
Kocks (symmetric) Ψ Θ φ
Bunge ϕ1 − pi/2 Φ pi/2− ϕ2
Roe (Matthies) Φ(α) Θ(β) pi − Φ(pi/2− γ)
Y
φ
φ
1
φ
2
X
Z
Z’
X’
Y’
Figure 3.1. Bunge representation of Euler angles. Plane is passing from the red orientation to the green orientation
via a set of three Euler rotations {ϕ1,Φ, ϕ2}.
If one begins in the crystal coordinate frame in which the axes are parallel to those of the
sample coordinate system. The crystal coordinate system is then first rotated about the Z through
the angle ϕ1, then about the X-axis in its new orientation through an angle Φ finally once again
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about the Z-axis again through ϕ2. The rotation g defined in the Bunge system is represented
by three Euler angles (ϕ1,Φ, ϕ2) such that,
g = {ϕ1,Φ, ϕ2} (3.1)
It is customary to represent the these parameters as coordinates in a three dimensional space
or Euler space. The Euler space thus forms a three dimensional periodic lattice with unit cell
{2pi, 2pi, 2pi}. This is however, restricted to an asymmetric unit of {2pi, pi, 2pi} due to a glide
plane. Due to the hexagonal crystal symmetry and the symmetry of the samples processing
conditions, when performing the conversion of measured textures into an ODF the Euler space
can be restricted to {pi/2, pi/2, pi/3} or {90 ◦, 90 ◦, 60 ◦} . There has been much debate within
the hexagonal community as to whether the application of process-inherited sample symmetry is
appropriate, as EBSD measurements often suggest that such symmetry is not completely satisfied.
On the other hand, many of the EBSD measurements in question have not sampled enough
prior beta grains for a statistically representative sampling to have been achieved. In addition,
smoothing of the textures can inadvertently occur if the experimental pole figure axes have not
been properly tilt corrected prior to the imposition of the symmetry conditions [105]. In this
thesis, symmetry has been applied such that ODF space used is {pi, pi/2, pi/3} or {180 ◦, 90 ◦, 60 ◦}.
3.1.2 Pole Figure Representation
Pole figures are geographical representations of the orientation distribution. It is used to link
the material coordinate frame to the crystal coordinate frame in order to gain semi-quantitative
information from texture data. Fig. 3.2 illustrates how a pole figure is generated. It shows how
a vector representing a plane normal [p], is projected onto the inside of a sphere (q) around the
crystal. The point (r) represents the point at which the vector [q-s] passes through the equator.
This is a single plane orientation in a pole figure and would be described in a discrete pole figure
by a single spot. In reality a polycrystalline sample is made up of millions of planes and hence a
contour plot of the pole intensity is plotted as a function of the angular coordinates.
The intensity of a given reflection is proportional to the number of hkl plane normals obeying
the Bragg condition. The pole figure is a graphical representation of the probability function,
finding a given plane normal lying in the specimen.
3.1.3 Orientation Distribution Function
Although pole figures are useful for representing texture when specific poles are of interest, the
complete texture is represented by the ODF; Retaining the symbol g for a general representation
for an orientation (from §3.1), one can write that f(g) for the ODF. The volume fraction of
orientation with a certain region ∆Ω of the orientation space is give by
∆V
V
=
∫
∆Ω f(g)dg∫
Ω0
f(g)dg
(3.2)
where Ω0 is the total volume fraction of orientation space considered. Common practice is to
set f(g)=1 for a uniform density, which is often called the orientation density and is measured in
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Figure 3.2. Basis of a pole figure. Showing how a singular plane normal is projected into pole figure representation.
The azimuthal angle β is represented by the equator and the distance from the north pole to the equator is the
pole distance α.
multiples of random, m.r.d.
The general case is found for an arbitrary pole (hkl) by integrating the ODF along the path
Γ corresponding to a 2pi rotation of the crystal about its (hkl) pole such that,
P (α, β) =
1
2pi
∫ 2pi
0
f(ϕ1,Φ, ϕ2)dΓ (3.3)
Simply, the pole figure may be considered a projection of the ODF along the path Γ. The
integration of this function is relatively trivial to compute any pole figure when given the ODF.
The complexity lies in the inverse of this; which is to compute the ODF from experimentally
measured pole figures. There are two main algorithm categories; those that fit a model to the
texture, such as spherical harmonics (which operate in Fourier space), and methods that directly
assign entries in the orientation distribution function (the WIMV method), and then minimise
its local curvature. Both set out to obtain the ODF by minimising the overall difference between
the ODF-derived and measured textures. All ODF calculations in this thesis use both harmonic
and discrete methods, which will be discussed in the following section.
The harmonic method uses the fact that the pole figure and the ODF can be approximated by
a series of mathematical expansions. The most appropriate spherical coordinate functions are the
spherical harmonics. These are used in the solutions to Schro¨dinger’s equation for the hydrogen
atom [12], for example. An (hkl) pole figure, p(α, β), where α is the pole distance and β is the
azimuthal angle, is expanded by a series of spherical harmonic functions,
P (α, β) =
∞∑
l=0
N(l)∑
v=1
Fnl k˙
n
l (α, β) (3.4)
where F are the pole figure coefficients, and k is the symmeterised spherical harmonic func-
tions.
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F vl =
∫ pi
α=0
∫ 2pi
β=0
p(α, β)k˙∗nl sinαdβdα (3.5)
It is assumed that the ODF can be similarly expanded by a series of generalised spherical
harmonic coefficients, specifically:
f(ϕ1,Φ, ϕ2) =
∞∑
l=0
M(l)∑
µ=1
N(l)∑
v=1
Cµvl T¨
µv
l (ϕ1,Φ, ϕ2) (3.6)
where T are the generalised spherical harmonics, Cµvl are the ODF coefficients, which are
found from:
F vl =
4pi
2l + 1
M(l)∑
µ=1
Cµvl k˙
∗µ
l (ξ, η) (3.7)
Here ξ and η are the polar coordinates of the (hkl) pole in the crystal coordinate system.
(*denotes complex conjugate, and the dots over the harmonic functions denote the symmeterisa-
tion.)
The number of poles figures required to reconstruct the ODF depends on the number of
unknowns in Eq. 3.7. Symmetry in the Laue crystal group will reduce the number of poles
required. All measured poles must be geometrically independent. From these equations any pole
figure (p) can be consistently reconstructed whether or not it was measured experimentally.
The advantages of using the harmonic method is that is economical on computer memory,
with each solution being computed independently. Also the set of derived coefficients can be used
for simple calculations such as the error in the ODF. The harmonic method is stable and can
yield good results even when input data is poor, due to the truncation of the series expansion
when symmetry is applied.
In the direct method both the pole figure and the ODF are represented by discrete values.
This is done by dividing up their respective domains into regular grids. Each pole figure cell
corresponds to cells along the projection Γ through the ODF. The value in each pole figure cell
is the average of the values in the ODF cell along the corresponding projection line(s):
Ph(y) =
1
N
N∑
i=1
f(y ⇐ gi) (3.8)
where g represents a crystal orientation (ϕ1,Φ, ϕ2), y represents a point on the pole figure.
The summation is only over those N orientated cells gi in the ODF that contribute to the pole
density y.
Eq. 3.8 represents a system of linear equations, which requires additional conditions to be
applied to find a solution. The discrete approach resolves this problem by making an initial
estimate of the ODF, f0(g). The results of this, in pole figure format, are then compared cell by
cell with the initial ODF estimate being updated at the end of each run.
The most common discrete method is the WIMV (Williams-Imhof-Matthies-Vinel) algorithm,
which makes an estimate of f0 by placing, in each cell of the ODF, the geometric mean of the
experimentally measured pole figure cells:
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f0(g) = N0
I∏
j=1
Mi∏
mi=1
P exphi (ymi)
1
IMi (3.9)
Here, I is the number of measured pole figures, Mi is the multiplicity of the ith pole, and
N0 is the normalisation factor. This is the most efficient way of making an initial estimate as it
eliminates the initial iterations when compared to a random ODF assumption. The iteration then
advances as follows. If pn is the recalculated pole figure from the nth estimate of the ODF, the
correction factor for each ODF cell is the ratio of the initial geometric mean of the experimental
pole figure cells (f0(g)) and the corresponding mean of the recalculated pole figure cells. The
(n+ 1) estimate is derived from the nth by multiplying by this correction factor:
fn+1(g) = Nnfn(g)
f0(g)∏I
i=1
∏Mi
mi=1
Pnhi(ymi)
1
IMi
(3.10)
The result from this will either be more or less than unity, which will result in the reduction
or increase in each cell estimate. The algorithm typically converges after 10-12 iterations, which
is then thought to be an accurate representation of the ODF.
An example of an ODF from beta annealed Ti-6Al-4V is shown in Fig. 3.3. Experimental
measurements were made using X-ray diffraction on 5 poles and reconstructed using PopLA
orientation analysis package. It is worth noting that although the previous discussion is focused
around Bunge notation, for ease of representation Koch’s notation (Table. 3.1) is used when
displaying ODF’s in this thesis. Hexagonal symmetry has been applied in the calculation of the
ODF, as φ is limited to 60 ◦. It is also worthwhile noting that in this sample only diad symmetry
on the z axis has been applied, hence plotting a whole 180 ◦ in Ψ/ϕ1.
The ODF reconstruction shown has been smoothed using a Gaussian filter for clarity before
plotting. It is also of benefit in some circumstances to view ODF’s in three dimensional space.
Programs such as ParaView can be used to visualise large data sets interactively. Fig. 3.4 shows
a 3D ODF reconstruction of the β annealed sample used in Fig. 3.3. It follows that the large
intensity at the front corresponds to the Φ = 0 condition on the sectioned ODF reconstruction.
In Titanium alloys one is interested, primarily in the basal (0002) orientation as slip occurs more
freely on this plane. Whilst the ODF gives a complete description of the texture, clearer intuitive
information can be extracted from displaying textures using pole figure format.
3.2 Texture Measurement Techniques
3.2.1 X-ray Diffraction
X-ray diffraction has been employed quantitatively to measure preferred orientation since the the
late 1940’s. Many aspects of pole figure goniometry have been discussed in detail by Schulz [106].
Bragg’s law is applied to X-rays used in this way. That is:
2dhkl sin θ = nλ, (3.11)
where 2θ is the angle between the incident and diffracted beams, and λ is the monochromatic
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Figure 3.3. Orientation distribution function of β annealed Ti-6Al-4V using Kocks Euler notation. Function is
plotted in times random.
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Figure 3.4. Gaussian smoothed 3D ODF reconstruction of β-annealed Ti-6Al-4V using Kocks Euler notation.
X-ray wavelength and n is an integer defining the order of the diffraction. In most cases when
measuring texture in metals a reflection technique is preferred to the use of transmission X-rays,
due the ease of sample preparation.
A pole figure diffractometer has four axes of rotation and is commonly used by crystallogra-
phers to characterise crystal structures. The goniometer moves the detector with respect to the
incident X-ray beam, which is θ or 2θ rotation. A Eulerian cradle is used to position the sample
with respect to the the incident beam by two rotations, φ and χ (Fig. 3.5). For the measurements
made in this thesis only these 3 rotation axes will be used.
χ
R
φ
X-ray
β=φ
R
α=90°-χ
R
Figure 3.5. Diffraction in a four-circle pole figure goniometer and definition of the instrument angles with a
spherical projection illustrating the definition of a pole figure reflection R by α = 90 ◦ − χ and β = φ.
The sample is mounted normal to the rotation axis φ and is rotated in its own plane. This
rotation axis corresponds to the azimuthal β of a pole figure and the rotation about χ corresponds
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to the pole distance α = (90 ◦ − χ). The pole figure is measured using 5 ◦ steps, both in pole
distance (α = 90 ◦ − χ) and azimuthal (β = φ), resulting in an array of 72x16=1152 data points,
which are then post processed to display the required texture data. It must be noted that at this
point that any errors in aligning the sample in the diffractometer are inherited directly in the
resulting pole figures.
Because of the defocussing effect (3.2.1), sample geometry and absorbtion, X-ray diffraction
only permits experimental measurements of pole figures up to α = 80 ◦. There have been
many experimental and theoretical ways suggested for reconstructing complete pole figures. As
discussed in §3.1.3, complete pole figures can be calculated from the orientation distribution
function (ODF).
Intensity Corrections and Data Reduction
Background Correction
Background noise can result from a number of possible complications from both the sample char-
acteristics and measuring environment. These can include incoherent scattering and fluorescence
in the sample to interaction of the beam with air molecules. All of these factors can be reduced
by using a combination of monochromators and specialised detectors. In practice one can only
minimise background experimentally, but this background intensity can be subtracted from the
measured intensity. It must be noted that it is best to measure background for each reflection at
α = 0 ◦ and β = 0 ◦. This can then be used to the determine background correction at a given α
by
Ibgα = I
bg
α=0◦
I
bg(stand)
α
I
bg(stand)
α=0◦
(3.12)
where the Ibgα=0◦ is the measured background at α = 0
◦ and the ratio Ibgα /Ibgα=0◦ is the
empirically determined background correction curve. This must be is the first correction applied
in post processing.
Defocussing Correction
The shape of the irradiated area depends on the diffraction system setup and sample specific
variables. If a cylindrical beam is used, the area dissecting the surface is an ellipse, this becomes
elongated with increasing tilt (α). Fig. 3.6 shows the change in shape of the irradiated ellipse
for a 2 mm collimator and different values of α and 2θ [12]. The beam is observed to be more
elliptical at lower 2θ values. The divergence of the intersecting beam and its subsequent effect on
the reflected signal causes ”defocussing” of the X-rays. This results in reduced intensities since
only part of the Bragg peak passes through the receiving slit on the detector. This can cause
overlapping of closely spaced peaks which can be resolved at low α angles but not a larger angles
nearer the periphery of the pole figure. Empirical correction curves need to be measured on a
samples of the same material but with no preferred orientation. Powder samples are often used
for this but even these can have preferred orientation due to the compaction stress not being
hydrostatic. A corrected intensity Icorrα is obtained from:
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Figure 3.6. (a) Change in shape and orientation of the irradiated spot on the samples surface for different sample
inclinations as a function of tilt angle α and the Bragg angle 2θ. For the purposes of this demonstration the incident
beam is cylindrical [12]. (b) Intensity correction curve for a experimentally measured powder Ti-6Al-4V sample
plotted against increasing tilt angle α.
Icorrα = Iα
Irandα=0◦
Irandα
(3.13)
3.2.2 Electron Backscatter Diffraction (EBSD)
Electron Backscatter Diffraction (EBSD) has been used extensively in this thesis to fully charac-
terise microtextures. The acquired data has been subsequently processed to extract the necessary
information. This includes; the separation of primary and secondary α textures in Ti-6Al-4V and
identifying twin types using twin/matrix misorientation profiling. Each technique will be dis-
cussed in the following section.
Separation of αp and αs Phase Orientations
The bimodal microstructure is the most widely used in creep and high cycle fatigue loading
regimes. This microstructure consists of equiaxed primary αp grains surrounded by a trans-
formed β matrix consisting of secondary αs laths separated by residual β phase. These αp grains
are formed by a combination of deformation and dynamic recovery/recrystallisation (as discussed
in § 2.4.3). It has been reported that the αs inherits its orientation from the transformation of the
β phase via the Bu¨rgers relationship [107]. The measurement of the individual components in this
microstructure can be difficult in as much as both share the same hcp crystal structure. A number
of suggested methods have been proposed which all use standard orientation mapping and the
difference in α and β stabilising element content between morphologies [108, 107, 109, 110]. Sep-
aration is done by either analysing Z contrast in backscattered imaging or by direct measurement
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of chemical composition by Energy Dispersive Spectroscopy (EDS). Other techniques require the
direct pixel correlation of optical micrographs to COM maps; microstructural features can then be
used to identify morphologies. The procedure used in this thesis employs the method suggested by
Salem et al. [109]. It utilises EBSD and simultaneous EDS measurements that automatically align
the the COM with the EDS map such that the pixel coordinates (Xcom, Ycom) = (Xeds, Yeds). This
process negates the need for detailed rotations and scaling operations when using the technique
of Germain et al. [107].
200μm
Figure 3.7. EDS results in 2hr recrystallised Ti-6Al-4V. (Blue) represents vanadium counts and (Red) represents
aluminium counts. The light regions in the v map represent the αp grains and the light regions represent the αs.
The opposite is true for the Al map.
The EDS results quantified the aluminium and vanadium concentration present and showed
a measurable variation in alloying concentration (Fig. 3.7). Comparison of the separated maps
confirmed that better contrast can been seen in the vanadium map than the corresponding alu-
minium map of the same area. This qualitative EDS observation was expected based on the phase
equilibria determined by Semiatin et al. [63].
The EDS concentration histogram in Fig. 3.8 shows the two Gaussian-like distributions for the
vanadium concentration, which relate to the two morphologies. The local minimum between these
two distributions is selected as the point separating αp and αs for the later binning operations.
Orientation data is then selected to either be included or ignored, depending if it meets the
selection criteria. A new αs crystal phase is created. This technique is utilized in the investigation
in Chapter 4.
The accuracy of the separated orientation can be seen in Fig. 3.8. The orientation filtering is
reliable when compared to the forward scatter image in the figure.
Determination of Twin Type
The orientation measured using EBSD analysis is typically expressed and stored in the form
of a set of Euler angles using Bunge notation {ϕ1,Φ, ϕ2}. Because the data is in the form of
discrete orientations, they can be used to calculate misorientations and theoretical orientation
relationships. For a given alpha phase orientation the orientation matrix g is constructed directly
from the Euler angles, such that [111]:
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Figure 3.8. (a)Forward scatter image with overlaying orientation data separated using EDS (marked αp and αs
orientation overlays)(b)Forward scattered image showing bimodal microstructure of globular αp and colonies of αs,
highlighting the crystal orientation.(c)Vanadium histogram with marked α morphological contributions.
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g =
 cosϕα1 cosϕα2 − sinϕα2 sinϕα2 cos Φα sinϕα1 cosϕα2 + cosϕα1 sinϕα2 cos Φα sinϕα2 sin Φα− cosϕα1 sinϕα2 − sinϕα1 cosϕα2 cos Φα − sinϕα1 sinϕα2 + cosϕα1 cosϕα2 cos Φα cosϕα2 sin Φα
sinϕα1 sin Φ
α − cosϕα1 sin Φα cos Φα

only three of the nine components in the above matrix are independent. The use of this matrix
is mainly for manipulations on discrete orientations like the ones obtained from EBSD analysis.
It is the misorientation between the twin and the matrix which we are interested in when
determining twin type. Given the orientation of the twin gtwin and the orientation of the matrix
gmatrix, the rotation required to bring the twin into coincidence with the lattice of the matrix is
given by:
∆gtwin/matrix = gmatrixg
−1
twin (3.14)
The manipulation matrix above is used to represent the orientations gmatrix and gtwin, then
the misorientation of the twin/matrix is simply the product of gtwin and the transpose of gmatrix.
As with orientations, misorientations can be described in terms of three Euler angles. However,
it is common to describe misorientation in terms of a rotation axis, n, and an angle , ω, termed
the axis/angle notation. The axis n corresponds to a crystallographic direction common to both
crystals. The angle rotation is the rotation n required to bring the two lattices into coincidence.
If the axis n is normalised, then the matrix can be expressed [12]:
g =
 (1− n21) cosω + n21 n1n2(1− cosω) + n3 sinω n1n3(1− cosω)− n2 sinωn2n1(1− cosω)− n3 sinω (1− n22) cosω + n22 n2n3(1− cosω)− n1 sinω
n3n1(1− cosω) + n2 sinω n3n2(1− cosω)− n1 sinω (1− n23) cosω + n23

Thus, if the misorientation is given in the form of a rotation matrix then the angle of rotation
is given by:
cosω =
1
2
(∆g11 + ∆g22 + ∆g33 − 1) (3.15)
The axis of rotation can be derived from the matrix representation as:
{n1, n2, n3} = {∆g23 −∆g32,∆g31 −∆g13,∆g12 −∆g21}√
(∆g23 −∆g32)2 + (∆g31 −∆g13)2 + (∆g12 −∆g21)2
(3.16)
This matrix is then used to calculate all theoretically perfect matrix/twin rotations accounting
for symmetry. To determine twin types, the misorientation between the twin observed and each
possible twin computed and compared. If this is within a tolerance of (< 3 ◦) rotation ω, then
the observed twin type is identified with the candidate theoretical twin.
3.2.3 Synchrotron X-ray Diffraction Texture Analysis using MAUD
In a synchrotron experiment, a monochromatic beam of X-ray photons is focussed onto a small
sample. The result is a diffraction pattern which represents those planes which are in the Bragg
condition. It is only recently that synchrotron diffraction has been used obtain texture measure-
ments. Texture can be seen in Debye rings via the change in intensity around the azimuthal angle
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β. Fig. 3.9 shows a 2D and a 3D Debeye ring of hot rolled and recrystallised Ti-6Al-4V, which
clearly shows the effect of texture on the diffraction rings.
Figure 3.9. Debeye Scherrer rings of 50% rolled and recrystallised Ti-6Al-4V at room temperature.
The diffraction rings are segmented and binned using Fit2D and an appropriate calibration
sample. These are typically 15 ◦ cakes for analysing texture. This process yields 24 intensity-2θ
spectra which are then analysed with the Rietveld method as implemented in the program MAUD
(Materials Analysis Using Diffraction) [103, 102, 104]. The procedure is that described by Wenk
et al. [112]. All 24 spectra are refined simultaneously using the MAUD method. Data is refined
taking into account, first, instrument parameters and background, then crystallographic and
microstructural parameters and finally all parameters including the texture and volume fraction
of phases are refined. The texture is refined inside a least squares Rietveld refinement utilising
a separate cycle where texture factors extracted by the Le Bail algorithm are used as input to
determine the ODF. This is done with a type of WIMV algorithm. For refinement symmetry can
be imposed to reduce the number of independent components. The results of these refinements
and reconstructions are compared to more traditional techniques in the later chapters.
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3.3 Elasto-Plastic Self Consistent Model
With the development of new technologies such as in-situ neutron and synchrotron X-ray diffrac-
tion the emphasis of the EPSC calculations has changed from macroscopic to microscopic and tex-
ture modelling. The most recognised implementations of these are those of Tome´ and Turner [113]
but has been taken further by Lebensohn [114] and later Clausen [115]. The self consistent ap-
proach has been applied with great success to understand load partitioning in single phase mate-
rials, such as zirconium [116, 117, 113], aluminium [118], solid solution nickel alloys[119], near α
Ti-834 [120] and more recently nuclear steel HT-9 [121]. The model has been extended to a two
phase model by Stapleton et al. and used to model α+ β Ti-6Al-4V [43]. The two phase model
of Stapleton et al. has been further extended in this study to determine the effects of thermal
expansion on the residual stress evolution in two phase alloys. This is discussed in detail in
chapter 5. An enhanced single phase EPSC code has been developed by Clausen et al. [47] which
addresses deformation which is dominated by twinning. The extension takes into account the
formation of new boundaries and textures due to twin rotations. This model is used in Chapter 6
to model the deformation of commercial purity titanium (CPTi). In the remainder of this section
the basic elasto-plastic formulation will be discussed.
a
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2
Figure 3.10. Schematic illustration of an ellipsoid embedded in a homogeneous medium. ai represent the principle
axes.
The model assumes that the grains of a polycrystalline aggregate are represented by an ellip-
soid inclusion embedded in infinite homogeneous effective medium (HEM) which has the average
properties of the aggregate, depicted in Fig. 3.10. The material must be subject to a uniform
external stress or strain. Each grain is then considered in succession; the weighted average of the
stress and strain increment of the grains must correspond to the stress strain increment of the
bulk. The initial constitutive equation is the anisotropic Hookes Law, which is then converted to
an incremental (rate) form with moduli that decrease once plasticity begins to occur. This can
be done by introducing the instantaneous stiffness Cijkl, relating to the stress rate σ˙ij and the
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strain rate ε˙ij , the constitutive equation for the medium is:
σ˙ij = Cijklε˙ij (3.17)
The constitutive equation for each ellipsoid is:
σ˙cij = C
c
ijklε˙
c
ij (3.18)
where c superscript denotes a single crystal or grain quantity. Eshelby showed the stress
and strain within each grain are uniform and linearly related to the applied stress strain such
that [122]:
σ˙cij = A
c
ijklε˙ij (3.19)
Hill then showed that [123] that:
Acmnrs = (C
c
ijrs + C
∗
ijrs)
−1(Cmnij + C∗mnij) (3.20)
Where C∗ is the effective stiffness. The bulk stiffness is then given by the average:
Cijkl = 〈CcijmnAcijkl〉 (3.21)
It is this equation that must be solved by EPSC models. It is implicit and non-linear and
depends on the unknown variable Cijkl. Thus must be solved iteratively by guessing the Cijkl,
substituting into the right side of to generate a value for Cijkl. This continues until convergence
to zero is reached between the old and the new Cijkls. This is the self consistent stiffness.
Once the self consistent stiffness has been established, suitable single crystal plasticity must
be incorporated into the calculations of Ccijkl at each load cycle increment. The model used was
first implemented by Hutchinson [124] which uses Hill [123] plasticity theory.
There now follows a detailed exposition of the mathematical details of Hill’s single crystal
plasticity theory.
Let σij denote the stress in a single crystal; if nsi is a unit vector normal to a plane of the
nth slip system bsi is a unit vector parallel to the direction of slip. then the resolved shear stress
τ s on the system is
1
2
σij
(
bsin
s
j + b
s
jn
s
i
) ≡ σijmsij (3.22)
where msij is the Schmid tensor. In the following calculations all lower indices are coordinate
system labels and the upper indices represent slip systems unless otherwise stated. For the
occurrence of plastic deformation in a crystal, the resolved shear stress must be equal or greater
than the critical resolved shear stress (CRSS) such that,
σijm
s
ij = τ
s
crit (3.23)
where τ scrit is the CRSS which is susceptible to change due to the effect of hardening. The
rate of change of CRSS is relater to the plastic shear rates γ˙t by [123]:
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τ˙ scrit =
∑
t
hstγ˙t (3.24)
where hst are the instantaneous hardening coefficients, relating to the hardening of each system
s to itself and to the strain rate of other systems t. Differentiating Eq. 3.22 with respect to time
and using Eq. 3.24 one can determine whether the system loads or unloads from the magnitude
of the shear strain γ˙. The system loads or unloads, respectively according to:
σ˙ijm
s
ij = τ˙
s
crit with γ˙
s ≥ 0 (3.25)
or, during unloading where there is no plastic shear.
σ˙ijm
s
ij < τ˙
s
crit with γ˙
s = 0 (3.26)
A system is inactive if
σijm
s
ij < τ˙
s
crit and then γ˙
s = 0 (3.27)
The total strain rate in a single crystal can be written as the sum of the elastic and plastic
parts,
ε˙ij = ε˙
(elastic)
ij + ε˙
(plastic)
ij (3.28)
The total strain rate in a single crystal can be written as the sum of the elastic and plastic
strains. The plastic strain can be defined as the total shear rates from all active slip systems s,
ε˙
(plastic)
ij =
∑
s
γ˙smsij (3.29)
and denoting the single crystal elastic compliance Sijkl one can write the elastic strain rate as
ε˙
(elastic)
ij = Sijklσ˙kl (3.30)
Thus Eq. 3.28 can be written as
ε˙ij = Sijklσ˙kl +
∑
s
γ˙smsij (3.31)
This can be rearranged and inverted to give the total stress rate in the crystal as a function
of the single crystal stiffness Cijkl(= S−1ijkl)
σ˙ij = Cijkl
(
ε˙kl − ε˙(plastic)kl
)
(3.32)
At least one set of shear rates exist, satisfying the relations given by Eq. 3.25 to Eq. 3.32
for a prescribed stress strain rate. Provided there are N non-zero γ˙s, the above equation can be
combined with Eq. 3.24 and Eq. 3.29 also combining loading and unloading such that,
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σ˙ijm
s
ij =
∑
t
hstγ˙t (3.33)
substituting Eq. 3.32 for σ˙ij in the left hand side
Cijkl
(
ε˙kl − ε˙(plastic)kl
)
msij =
∑
t
hstγ˙t (3.34)
substituting Eq. 3.29 for ε˙(plastic)kl on the left hand side
Cijkl
(
ε˙kl −
∑
t
γ˙tmtij
)
msij =
∑
t
hstγ˙t (3.35)
expanding the brackets,
msijCijklε˙kl − Cijkl
∑
t
γ˙tmtklm
s
ij =
∑
t
hstγ˙t (3.36)
rearranging,
Cijkl
∑
t
γ˙tmtklm
s
ij +
∑
t
hstγ˙t = msijCijklε˙kl (3.37)
and factoring for γ˙t,
∑
t
(
mtklCijklm
s
ij + h
st
)
γ˙t = msijCijkl˙kl (3.38)
which allows us to define:
Xst ≡ mtklCijklmsij + hst (3.39)
arriving at,
∑
t
Xstγ˙t = msijCijkl˙kl (3.40)
where Xst is the square matrix of active slip planes. Although the matrix will only be
non-singular for certain hardening laws, it is always possible to choose a set of active linearly
independent slip systems such that this matrix is non-singular and Equations 3.25-3.26 are sat-
isfied. Thus Xst should be invertible in order for crystallographic slip to occur. The inverse of
Xst is hereby denoted as Y st. Eq. 3.40 can therefore be rearranged to give the associated strain
rates for each loading slip system,
γ˙t =
∑
s
(
Y stmsijCijkl
)
˙kl (3.41)
which can easily be simplified by defining the tensor f tkl,
f tkl =
∑
s
(
Y stmsijCijkl
)
(3.42)
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arriving at,
γ˙t = f tkl˙kl (3.43)
using the equation for instantaneous modulus, one may derive an expression for single crystal
stiffness in any given grain dependant on plastic activity,
σ˙ij = Cijkl˙kl (3.44)
combined with Eq. 3.32 one has
Cijkl˙kl = Cijkl
(
˙kl − ˙plastickl
)
(3.45)
multiplying both sides by (˙mn)−1,
CijklIklmn = Cijkl
(
Iklmn − ˙plastickl (˙mn)−1)
)
(3.46)
where Iklmn is the 4th rank identity tensor. Substituting the plastic strain rate from Eq. 3.29,
CijklIklmn = Cijkl
(
Iklmn −
∑
s
γ˙smskl(˙mn)
−1
)
(3.47)
Eq. 3.43 can be arranged to be
(˙mn)−1 = (γ˙t)−1f tmn (3.48)
substituting into Eq. 3.47 to yield
CijklIklmn = Cijkl
(
Iklmn −
∑
s
M sklf
s
mn
)
(3.49)
The definition of the 4th rank identity tensor is
Iklmn =
1
2
(δkmδnl + δknδlm) (3.50)
where δim is the Kronecker delta which has the following property
δim =
1 for i = m0 for i 6= m (3.51)
which implies the following for an arbitrary 2nd rank tensor Aij
Aijδim = Amj (3.52)
using this property, the left-hand side of Eq. 3.49 becomes
CijklIklmn = 12Cijkl(δkmδnl + δknδlm)
= 12Cijmn +
1
2Cijmn
(3.53)
58 Experimental and Computational Techniques
and from the symmetry of the stiffness tensor, this becomes Cijmn. Thus the final expression
for the single crystal stiffness in any given grain, as a function of plastic activity in a particular
grain is
Cijkl = Cijmn(Iijmn −
∑
s
msmnf
s
kl) (3.54)
The above equation reduces to Cijkl = Cijkl in the absence of plastic deformation.
3.3.1 Hardening
As the CRSS if a slip system may change during the course of plastic deformation, a hardening
term is introduced hst. Voce´ hardening is utilised in all models used in this thesis. This governs
the CRSS’s of the slip systems due to the accumulation of shear strain in each grain Γ by modifying
Eq. 3.24 so,
τ˙ scrit =
∑
t
dτˆ s
dΓ
hstγ˙t (3.55)
where,
τ s = τ s0 + (τ
s
1 + θ
s
1Γ)
(
1− exp
(−θs0Γ
τ s1
))
(3.56)
where τ s0 is the threshold value for dislocation slip (critical resolved shear stress, CRSS), τ
s
1 is
the asymptote of the bulk stress-strain curve. θs1 is the asymptotic hardening rate and θ
s
0 is the
initial hardening rate. γ is the accumulated shear strain in the grain. The Schmid tensor is used
to relate the resolved shear stress to the stress tensor on the grain. All of these parameters are
used for fitting and are fitted by appealing to the experimental flow curves, as in Fig. 3.11.
S
tr
e
s
s
1
0
1
0
Strain
Figure 3.11. Schematic illustration of Voce´ hardening parameters
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3.4 As-Received Material
The two titanium alloys used in this study were provided by Rolls-Royce Plc, Derby and Timet R©,
Waunarlwydd, Wales. The Ti-6Al-4V material was provided in two rolled plate forms (Uni-
Directional [UD] and Cross Rolled [XR]) and the grade-1 CPTi material was provided in the
form of forged BAR.
3.4.1 Industrial Process
Ti-6Al-4V
The Ti-6Al-4V material was provided in two different product forms, each subjected to a different
processing schedule. The two plate products are unidirectionally rolled (UD) and cross rolled
(XR) plate. These are initially processed via vacuum arc melting to produce large colony as-
cast microstructures. These are then broken down by preheating and forging in the single phase
field at ∼ 100 ◦C above the β-transus temperature. Work is introduced into the billet via a
cogging and upsetting process with a final single phase heat treatment at ∼ 50 ◦C above the β
transus, to negate the effect of temperature variation across the billet. This heat treatment time
is kept to a minimum to minimise grain growth. The material is then α/β worked to obtain
a globular microstructure. It is this processing stage in which much of the crystallographic
texture is introduced. It is therefore important to keep track of the principal processing axes.
The standard axis notation for plate and BAR product is shown in Fig. 3.12, RD refers to the
rolling direction, TD the transverse, ND/ST the normal or short transverse direction and ED the
extrusion direction of the BAR.
ST/ND
RD
TD
ST/ND
RD
1
RD
2
TD
2
TD
1
ED
Unidirectionally rolled plate Cross rolled plate Forged bar
Figure 3.12. Schematic illustration of the principle direction notation in cross rolled, unidirectionally rolled and
forged BAR product forms.
Ti-6Al-4V Microstructure
In the as-supplied condition both plate product forms exhibit the same bi-modal or equiaxed
microstructure which consists of primary or globular alpha (αp) in either a retained or transformed
beta (β) matrix for the XR and UD material respectively. The retained β phase is made of
intergranular β which is in equilibrium solid solution at room temperature, which is symptomatic
of a creep flattening process, which was the final processing stage of the XR product form. The
transformed β structure consists of colonies of secondary alpha (αs) laths separated by β phase.
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Fig. 3.13 are optical light micrographs showing the typical microstructures in XR and UD product
forms respectively. The microstructure is consistent through the plate volume.
XR UDPrimary alpha Retained beta Transformed betaSecondary alpha
Figure 3.13. Optical light micrographs of the XR and UD product forms respectively. Images taken from the
ND/ST surface with the RD direction vertically and the TD/RD2 direction horizontally on along the page.
Images are acquired form the ND/ST surface with the with the RD direction vertically and
the TD/RD2 direction horizontally on along the page.
Bar TD
1
surfacePrimary alpha Transformed betaSecondary alpha Bar ED surface
Figure 3.14. Optical light micrographs of the BAR product form. Images taken from the ND/ST surface with
the RD direction vertically and the TD/RD2 direction horizontally on along the page.
The microstructure of the BAR product is shown in Fig.3.14
CPTi
The Grade 1 CPTi materials was provided in the form of forged BAR and is the same ingot as used
in the study of geometrically necessary dislocations (GNDs) by Britton et al.[125] and the studies
using micro cantilevered beams of single crystal modulus and critical resolved shear stresses by
Gong et al.[5, 50, 49, 48]. It was initially processed by Timet R©, Waunarlwydd. These initial
process steps are similar to those of α + β processing described above in §3.4.1. They comprise
of vacuum arc melting and cast ingot breakdown in the β phase field followed by working to a
specific shape (BAR) by hot forging.
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CPTi Microstructure
In the as supplied condition the CPTi BAR product form shows a equiaxed microstructure, with
a varying grain size between 10µm. and 50µm, see Fig.3.15. Samples were not heated as in
previous studies by Britton et al. and Gong et al. as a large grain size is not desirable for
diffraction experiments[125, 5, 50, 49, 48]. Further discussion can be seen in §6.
As-Received
Figure 3.15. Optical polarized light micrograph of the CPTi BAR product form.

Chapter 4
In-situ Observation of Texture &
Microstructure Evolution during
Rolling and Globularisation of
Ti-6Al-4V
Summary
The evolution of texture in β-annealed Ti-6Al-4V during α-β rolling and recrystallisation anneal-
ing has been examined using synchrotron X-ray diffraction and ex-situ characterisation. During
rolling, the initial α (0002) texture softens and the colony α becomes kinked. During globu-
larisation, the texture strengthens as highly strained (and hence misoriented) areas of the laths
dissolve and this strengthening continues once coarsening of the primary α becomes dominant.
At shorter annealing times the αs laths that form on cooling do so with a range of variant-related
orientations to the β, but at longer annealing times this αs takes on the orientation of the sur-
rounding αp. The implications for the mechanical performance of macrozone-containing bimodal
Ti-6Al-4V material are discussed.
4.1 Introduction
As discussed in § 2.8, the initial lamellar microstructure associated with as-cast ingots may
promote resistance to fatigue crack growth and high temperature creep but suffers from significant
decreases in fatigue crack initiation resistance compared to the more desirable globular primary
α (αp) microstructures [8]. Thermomechanical processing to obtain globular product in α + β
alloys such as Ti-6Al-4V involves a series of hot working and heat treatment steps, which break
down the transformed microstructures developed during initial ingot cooling.
The possible mechanisms by which lamellar microstructures globularise and coarsen into a
globular αp morphology has been studied by various investigators [31, 126, 127, 128, 27, 129].
Initial work by Weiss et al. identified two different boundary splitting mechanisms by which
lamellar microstructures globularise. They found that boundaries are formed across individual
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alpha lamellae either due to intense local shear or as a result of dynamic recovery/recrystallisation
with β subsequently penetrating the boundary via diffusion [27]. To summarise, the globular αp
grains are formed as a result of deformation and dynamic recovery/recrystallisation of initially
course lamellae, whereas the secondary αs colonies are inherited from the transformation of the β
matrix during cooling, which has been reported to follow the Burgers relationship (Eq. 4.1) [110].
Thus, it is reasonable to assume that αp and αs textures developed during thermomechanical
processing will be different. A number of different methods have been proposed for the the
separation of αp and αs textures, which is complicated by the fact that they share the same
crystal structure and lattice parameters [107, 109, 110].
{110}β|| (0001)α
〈111〉β|| 〈112¯0〉α
(4.1)
Whilst microstructure and remain the dominant and most well understood factor in determin-
ing mechanical properties in individual alloys, it is well documented that strong crystallographic
texture can develop during processing. Due to the anisotropic nature of the α phase and its
resultant effect on service properties, such as fatigue resistance, a significant research effort has
been conducted in the field [84, 77, 130].
In recent years, its has been found that titanium alloys very often possess large regions of
similarly orientated grains, otherwise known as macrozones, as a result of initial ingot processing.
A number of hypotheses have been suggested for the formation of these zones; the concern that
these zones behave as single microstructural units drives research in the area. These microtextured
regions have been shown to act as sites of multiple initiating cracks. These cracks then coalesce,
acting effectively as one large crack, equal to the dimensions of the macrozone [131]. It has been
reported that these zones can span several millimetres [11]. Current research therefore suggests
that microtexture together with microstructure is critical to predicting in-service lifetimes [70].
Most of the efforts to understand the mechanisms of globularisation have focused on monotonic
deformation involving uniaxial compression, tension or simple torsion, whilst most commercial
mill product employs multi-pass rolling operations with intermittent reheats. Thus, the correla-
tion between laboratory observations and commercial production remains unclear.
The present chapter aims to examine how the final microstructure, macro and microtexture
develop during multi-pass cross rolling and subsequent recrystallisation heat treatment. In-situ
synchrotron X-ray diffraction is employed to examine how the texture develops during recrys-
tallisation at temperature in both the α and β phases. The αp and αs textures measured using
EBSD are separated on the basis of the composition of the two microstructural forms.
4.2 Experimental
4.2.1 Material and Processing
The material used in this chapter was received as a 21 mm thick cross-rolled (XR) plate of Ti-
6Al-4V supplied by Timet UK Ltd., Waunarlwydd, Swansea, Wales, with composition given in
Table 4.1. The plate had been produced from a double VAR melted ingot, forged in the β phase
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field and rolled in the α + β phase field to a plate product. The plate was then subjected to
a creep-flattening treatment after rolling. Samples measuring 40mm × 40mm were wire electro
discharge machine (EDM) from the as-received plate, coated in Deltaglaze 3418 and subjected
to a β annealed at 1020 ◦C for 20 min followed by an air cool. These were then hot rolled at
950 ◦C in six passes with alternating 90◦ rotations between each pass, Table 4.2 and Figure 4.1.
Intermediate 5 min reheats were employed, along with air cooling after the final pass, to simulate
industrial production. Samples were then recrystallised at 950 ◦C for up to 16 h and air cooled.
950 ◦C corresponds to an α volume fraction of ∼ 50%. All micrographs and texture measurements
are taken from the mid-plane of the as-received and rolled plate.
Table 4.1. Measured chemical composition data (wt.%) for material supplied by Timet, UK.
C Al Fe N O H Ti V B Y OE
XR Plate 0.005 6.61 0.18 0.0045 0.22 0.004 Balance 4.15 <0.001 <0.001 <0.05
Table 4.2. Rolling process schedule performed at Manchester University, UK.
Height [mm] Strain in pass Total strain
Initial 21.0 - -
Pass 1 18.9 0.1 0.1
Pass 2 16.8 0.1 0.2
Pass 3 13.65 0.15 0.35
Pass 4 10.5 0.15 0.5
Pass 5 7.2 0.157 0.657
Pass 6 3.9 0.157 0.814
As-received
20% Rolled 50% Rolled
80% Rolled
Figure 4.1. Initial β annealed and as-rolled samples examined.
4.2.2 In-situ Globularisation Texture Characterisation
Synchrotron X-ray diffraction (SXRD) texture measurements were carried out on ID15B beamline
at the European Synchrotron Radiation Facility (ESRF), Grenoble, France. The beam passed
through 1 mm of material, operating with 500×500 µm monochromatic incident beam (λ =
0.1427A˚) and therefore a diffraction volume of 0.25mm3. An R-type thermocouple was spot
welded directly above the diffraction volume for accurate control of temperature. Resistive heating
was employed using a ElectroThermal Mechanical Tester (ETMT), to a temperature of 950 ◦C,
66 Texture and Microstructure Evolution during Rolling and Globularisation
Incident X-ray beam
Resultant diraction 
rings observed on 
Pixium Detector
Applied load
(RD1 direction)
Applied load
Ti-6Al-4V ‘matchstick’ 
sample
R-type thermocouple
RD2 direction
Diracted X-rays 
RD1 direction
Figure 4.2. Schematic of the experimental setup used to perform in-situ texture measurements.
to simulate the final industrial recrystallisation treatment applied after α+ β working (Fig. 4.2).
During the ageing treatment, complete Debye-Scherrer diffraction rings were collected using a
Pixium 4700 area detector. Data was collected every 5 s during heating, every 15 s during the
age and every 5 s during cooling. The heating and cooling rates applied were 1◦Cs−1.
As discussed in the experimental chapter of this thesis, the textures were evaluated by calcu-
lating integrated intensities every 15◦ using Fit2D [132]. The resulting 24 spectra were refined
simultaneously using a least-squares Rietveld method implemented in the program MAUD [133].
An EWIMV (Williams-Imhof-Matthies-Vinel) algorithm was used to determine the orientation
distribution function (ODF), utilising the results of a Le Bail transform as input. Extended
descriptions of this procedure have been published [134, 135, 136]. An example of the MAUD
seed fit used as an initial input for the refinement is shown in Fig. 4.3. The top spectrum shows
the measured data as blue dots and the fit as a solid black line. The quality of the fit, i.e. the
difference between the measured data and the fit is shown on the graph below. A single diffraction
image from an area detector provides data on all orientations that are perpendicular to the beam
direction. However, in pole figure space, this results in only a thin ring on the outer great circle.
Thus, when reconstructing texture from such an image, several assumptions have to be made as
to the manner in which unfilled space is populated. These assumptions have enabled textures
to be reconstructed from a single transmission image, which are similar to those produced from
traditional laboratory measurements. It is therefore important to consider the peak position and
relative peak intensities when examining the quality of the fitting functions. Artefacts can be
found in the pole figures which could be a product of incorrect fitting parameters. The azimuthal
15◦ segment diffraction patterns together with fit lines can be seen in Fig. 4.4.
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Figure 4.3. MAUD Ti-6Al-4V seed file peak fit
2.0 4.0 6.0
2-Theta [degrees]Alpha
Beta
2.0 4.0 6.0
2-Theta [degrees]
0.5 
1.0 
x103
In
te
ns
ity
1/
2  
[C
ou
nt
1/
2 ]
Figure 4.4. 15◦ Azmuthally sectioned fitted diffraction data.
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4.2.3 Ex-situ Texture Characterisation
Supplementary microtexture crystal orientation maps (COM’s) were obtained using electron back-
scattered diffraction (EBSD) on a LEO Gemini 1525 FEGSEM. Preparation of selected samples
involved conventional silicon carbide grinding followed by electropolishing in a solution of 15ml
perchloric acid(HCl4), 147.5ml methanol (CH3OH) and 175ml butan-1-ol (C4H9OH) at −35 ◦C
with 30V applied. Simultaneous Kikuchi patterns and local chemical composition data were
collected using EBSD and EDS using the Oxford Instruments Channel5 software. In-house au-
tomated software has been developed to separate αp and αs texture components utilising the
technique suggested by Salem et al. [109]. In this method, the αp that formed at temperature
is distinguished from the αs that forms from the β on the basis of the difference between the
Al and V contents, using the minima in the composition-frequency Gaussian curves. A detailed
explanation can be found in the Experimental section of this thesis, §3.2.2.
Macrotexture measurements were performed using the back reflection technique with CuKα
radiation on a Panalytical X’Pert Pro MPD diffractometer (XRD). All measurements were taken
from the RD1-RD2 plane. A complete ODF was calculated using measurements from the {101¯0},
{0002}, {101¯1}, {101¯2}, {112¯0} peaks via the software tool popLA using the WIMV method [137]
. All XRD pole figures were plotted using monoclinic symmetry and the equal area projection.
Defocus and background corrections were applied from a calibration measurement using a pow-
dered Ti-6Al-4V sample.
4.3 Results and Discussion
4.3.1 As-Received
The initial microstructure and concomitant equal area pole figures obtained by laboratory X-ray
diffraction and Electron backscattered diffraction (EBSD) can be seen in Fig. 4.5 and Fig. 4.6
respectively. The initial microstructure possessed an αp grain size of ∼20± 4 µm, with intergran-
ular retained β-phase which formed during slow cooling from the α+ β processing temperature.
This slow cool promotes αp growth without the decompostion of the β matrix. Both the lab.
X-ray and EBSD texture measurement techniques show very similar results with the basal (0001)
plane normals lying in the primary rolling (RD1) and secondary rolling (RD2) directions, which
is consistent with previous work on a similar product [138], although the EBSD measurements
of course suffer from poorer sampling statistics. Fig. 4.5 shows multi-surface crystal orientation
maps (COM’s) taken from rolling direction 1 (RD1), rolling direction 2 (RD2) and the normal
(ND) surfaces. Each map is inverse pole figure (IPF) coloured with respect to RD1. The pole
figures are represented consistently with the RD1 direction aligned with the y-axis and the RD2
direction aligned with the x-axis of the pole figure.
Both the prior β and αp grains were elongated from the rolling process, with their shortest
dimension in the ND direction. Therefore the EBSD measurement from the ND face showed
equiaxed grains and sampled the fewest grains, whereas the RD1 and RD2 measurements sampled
more grains providing more representative pole figures and revealing the true grain morphology.
This emphasises the utility of examining deformed materials in more than one orientation.
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Figure 4.5. The as -received microstructure obtained from optical microscopy, (a), and examined using EBSD,
(b) and (c).
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4.3.2 β-Anneal
The microstructure and pole figures produced as a result of β annealing can be seen in Fig. 4.6.
The initial α microstructure is completely lost during the treatment. The resulting microstructure
consists of a mixture of colony α and basketweave α lamellae, with a layer of transgranular
α decorating the prior β grain boundaries. The prior β grains are found to be ∼500 µm in
size with an α colony size ranging from 50 µm to 250 µm. The initial (0002) texture in the
RD1 and RD2 directions is generally preserved from the as-received material but there is an
additional 45◦ texture component produced by the α→ β → α variant selection process. It is also
apparent, because the 45◦ texture component is weaker than the remaining original component,
that a degree of texture memory exists. It has been reported that in two-phase Ti-6Al-4V, the
nucleation of new β grains from the α matrix which follow the Burgers orientation relationship
(OR) is thermodynamically less favourable than growth of existing residual β-phase in the room
temperature material [139, 140, 136, 59]. However, on cooling from the β phase field (i.e. the β →
α transformation), some new α orientations are observed to adhere to the Burgers Orientation
Relationship (BOR). Its is therefore apparent that β-annealing Ti-6Al-4V does not result in
texture randomisation, but does yield a microstructure conducive to globularisation of the α-
phase [65, 23].
4.3.3 Thermomechanical processing
The as-rolled microstructures and concomitant pole figures are summarised in Fig. 4.6. On air
cooling from the rolling temperature, the α laths thicken, leaving ligaments of β in between. The
20% rolled material still shows traces of the grain boundary intergranular α, and has begun to
show some kinking of the laths. At 50% deformation strain the lath kinking has become quite
apparent while some areas of larger α grains with less linear grain boundaries due to dynamic
recrystallisation also begin to be more apparent. After 80% deformation these regions become
quite pronounced and are observed to be associated with the prior-β grain triple points. Over the
course of rolling the α texture also gradually softens, as observed by Lu¨tjering for intermediate
α + β deformation temperatures; at lower temperatures a more pronounced {0002} transverse
texture is observed whereas at higher temperatures a texture characteristic of the β phase is
produced [8]. However, in the present case this texture softening ceased after approximately 50%
strain, around the same level that dynamic recrystallisation started to become significant.
The evolution of the air-cooled material during recrystallisation of the 50% rolled material is
shown in Figure 4.7. After 2 h anneal, breakup of the kinked laths has already occurred to form
primary α grains; on cooling, secondary lath α has formed from the β in between the αp grains.
In some prior α colonies (inset), complete globularisation to equiaxed αp was not observed in the
2 h recrystallised specimen, leaving preexisting elongated αp grains instead. This is likely to be
due to the original colony morphological and crystallographic orientation receiving less strain and
less lath kinking from the rolling process, and hence having a lower dislocation density to initiate
lath globularisation. We will return to this topic later in this chapter. At longer annealing times,
Figure 4.7, the globularisation process is complete and limited growth of the αp is observed. As
recrystallisation proceeds; (i) strengthening of the (0002) α texture is observed. In addition,
(ii) in the 20% rolled sample some of the 45◦texture component from the Burgers orientation
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Figure 4.6. The as-received, as-β treated and hot rolled microstructures, along with the macroscopic textures
obtained by lab. X-ray diffraction. The scale bars in the inset micrographs are 10 µm.
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relationship is observed, but at longer times this component becomes much less apparent. It
is these two observations (i) and (ii) that will be of most interest in understanding how the
microstructure and texture evolve during the recrystallisation annealing.
4.3.4 In-situ Texture Evolution during Recrystallisation Annealing
When considering in-situ texture measurements performed using area detectors by synchrotron
X-ray diffraction, it is important to establish whether enough prior-β grains were sampled to ac-
curately reconstruct the macroscopic texture. This is a function of the beam divergence, sampling
volume and the number of diffraction orientations sampled. Each ring measures the edge of a pole
figure from the RD1 around to the TD orientation, with the entire orientation distribution being
reconstructed in the EWIMV analysis from the 8 rings measured. Therefore, Figure 4.8 shows
the comparison between the laboratory X-ray and synchrotron reconstructed pole figures in the
initial as-received condition; it is apparent that the techniques are in reasonable agreement. The
synchrotron X-ray diffraction measurements were made on multiple rings without sample rotation
and therefore the textures shown are reconstructed from sampling of rings from the RD1-RD2
great circle. It is apparent that the reconstruction in the α phase produces a level of artefact
near the ND direction, which many suppress by applying symmetry [105]; this is viewed as in-
appropriate and therefore this has not been performed in this thesis. The intricacies of MAUD
fitting is discussed in the earlier experimental chapter of this thesis.
The evolution of the texture in the 50% rolled sample is illustrated on heat-up, recrystallisation
annealing for 8 h and cool-down in Figure 4.9. The β phase texture is also reconstructed, which
is possible because of the low background in this measurement and the Reitveld refinement
performed rather than single peak measurements. During initial heating the β fraction increases
and the {110} texture component near-RD1 strengthens slightly, corresponding to the dissolution
of the corresponding (0002) α in the same location. It is also apparent that the β texture peaks are
broader and more intense that the α. On heating, dissolution of the αs results in a strengthening
of the α texture, as the variant-related αs is less textured overall than the αp. Over the first 2 h at
temperature, the α texture component near-ND strengthens quite significantly, while the β phase
texture softens. During this period, regions of the α laths that are kinked, have high dislocation
density and are away from the Burgers orientation relationship with respect to the surrounding β
grain dissolve as globularisation occurs. This gives rise to the α texture strengthening observed,
although this is the reconstructed area of the pole figure where least confidence can be obtained.
During subsequent growth of the αp between 2 and 8 h the near-ND (0002) α texture com-
ponent softens at the expense of the near-RD1 and RD2 components; and this strengthening of
the RD-type components is in the measurement region and so this observation can be stated
confidently. This change may be due to restoration of the α / β interface orientation relationship,
although this interpretation is speculative. On cooling, the αs that now forms from the β results
in a strengthening of the texture, following the orientation of the αp rather than the weakening
that would be expected were the heating step simply reversed. Thus the 45◦component from
variant selection is not now observed; similarly in the β phase those {110} components disappear
during annealing. This strongly suggests that restoration of the α-β interface relationship is driv-
ing the microstructural evolution during the recrystallisation process, and that then on cooling
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the αs that forms conforms to the parent microstructure.
This evolution is quantitively summarised in Figure 4.10. The Kearn’s factors describe the
fraction of the α (0002) poles that are in the ND and two RD directions, according to Equa-
tion 4.2 [141].
f =
∫ pi
0 Iϑ cos
2 ϑ sinϑ dϑ∫ pi
0 Iϑ sinϑ dϑ
(4.2)
Here, Iϑ is the average pole figure intensity at an angle ϑ from the sample normal. The
function Iϑ is used by Kearns and is equivalent to the integral
∫ 2pi
0 I(φ, ϑ)dφ over the pole figure
intensity I(φ, ϑ) [141].
The Kearns factors measured throughout processing are approximately constant at 0.31-0.34
in the ND, 0.32-0.34 in RD2 and 0.34-0.37 in RD1. Thus the overall fractions of the (0002) in the
different major directions remain nearly constant throughout the α−β rolling and recrystallisation
processes. However, Kearn’s factors don’t attempt to measure the strength of the macrotexture
and at such relatively moderate strains in a co-deforming material dominated by slip, large scale
texture reorientation would not be expected.
The texture strength J describes the root mean square of the orientation distribution, for
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Figure 4.10. Evolution of the texture intensity J of the α phase during (a) recrystallisation annealing in-situ, (b)
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which spherical harmonic texture functions can be described according to
J = 4pi2
√
2
∞∑
l=1
1∑
m=−1
1∑
n=−1
W 2lmn (4.3)
where Wlmn are the spherical harmonic coefficients. Ex-situ lab, X-ray texture strengths are
presented in Figure 4.10 for the rolled and interrupted annealing samples; the points marked A′
and B′ correspond to lab X-ray and synchrotron measurements in identical samples and are in
good agreement.
Therefore it is surmised that rolling results in a marked reduction in texture intensity. During
in-situ recrystallisation annealing, a slight decrease in texture strength in the α phase is observed
during α dissolution during heating, an significant increase in the final stages of heating, followed
by a gradual strengthening of the α texture during globularisation in the initial 2 h and removal
of the ND texture component between 2 and 8 h, after which the texture strength is preserved
on cooling. For comparison, the ex-situ, air cooled lab. X-ray measurements are also shown,
which show an increase in texture strength after cooling for short-duration annealing treatments,
a plateau at intermediate times and then an increase in texture strength on cooling after 16 h. It
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is hypothesized that the plateau region is a consequence of the change from the transforming αs
phase taking on many variant orientations to just the orientation of the surrounding αp grains.
4.3.5 Microstructure and Microtexture Evolution
The rolled, annealed and air cooled material has been examined by EBSD and the αp separated
from the αs in the 2, 4 and 16 h samples on the basis on the Al-V composition difference.
This separation of the α microstructural components is illustrated after 4 h of recrystallisation
annealing in Figure 4.11 and after 16 h in Figure 4.12. In the region observed of the 4 h sample,
the αp is mostly in only three (0002) orientations, A–A′′. This orientation does account for some
of the αs, but a number of other αs orientations (marked X) are present which are Burgers-related
to the parent β orientation. Therefore in the 4 h sample the αs that formed on cool-down took
on a number of Burgers orientations.
In contrast in the 16 h sample, the αs has exactly the same (0002) orientations as the parent
αp - no additional α orientations are visible in the αs pole figures. This is even visible in the
range of grain colours visible in the un-separated (all α) micrographs. Therefore after annealing
is complete, a number of Burgers orientations were not observed, only those shared with the αp.
This observation is consistent with the in-situ measurements, which show strengthening of the
α (0002) texture on heating associated with dissolution of the greater variety of αs orientations,
but no such softening associated with its re-precipitation on cooling. It is also consistent with
the disappearance of the 45◦texture components after 16 h that were observed in the laboratory
X-ray measurement ex-situ after 2 h heat treatment.
The 50% rolled material has been examined by EBSD, Figure 4.13, which also shows the
differences between the αp texture observed after 2 and 16 h annealing. In the as-rolled sample,
the bending of an entire colony is visible (circled). In the 2 h sample, a remaining kinked αp
laths is still visible, which shows a significant rotation in orientation concentrated in the curved
/ kinked region. The strain can then be measured from this local rotation (inset), with the
associated geometrically necessary dislocations providing a driving force for globularisation of
the lath. In the 16 h sample, the αp grains show much less intragrannular misorientation (strain),
indicating that the recrystallisation process was complete. Therefore the globularisation process
associated with the dissolution of the kinked regions gives rise to the texture strengthening of the
αp previously observed, as the range of αp orientations present narrows due to the dissolution of
the strained regions.
The mechanism by which the αs orientations are selected therefore appears to depend on
either or both of (i) the availability of nucleation sites in the β, which would reduce during
annealing as the dislocation density reduces, or (ii) the nature of the αp-β interface, which will
presumably reduce in defect density as the αp coarsening process becomes more dominant (large
times) compared to α lath globularisation (early times). Whatever the actual mechanism, the
consequence is clear - at short annealing times, several additional Burgers orientation relationship
related variants precipitate on cooling, whilst at long annealing times, the αs share the orientation
of the αp grains.
The difference between these two situations is, of course, micromechanically important as it
is becoming clear that the level of orientation homogeneity or self-organisation within so-called
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Figure 4.11. EBSD measurements in the 50% rolled material after 4 h recrystallisation annealing showing the
separation of the αp and αs components. Specific prior colony orientations A-A
′′ and B-B′′ are denoted and (X) a
number of other Burgers OR-related orientations in the αs.
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macrozones is important for the in-service fatigue performance obtained in the safety-critical
applications for which α+ β titanium alloys are often employed.
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Figure 4.13. EBSD measurements on the as- 50%rolled material (all points) and of the primary α in the 50%
rolled material recrystallised for 2 h and 16 h. The rotation observed along a single colony in the as-rolled material
is also shown.
4.4 Conclusions
The evolution of texture in β-annealed Ti-6Al-4V during cross-rolling and recrystallisation an-
nealing has been studied using macro- and micro-texture measurements, both postmortem and
using in-situ synchrotron X-ray diffraction. In the microtexture measurements, separation of the
αp and αs laths was achieved on the basis of their composition. The following conclusions can be
drawn from this work.
1. During rolling at 950◦C, the colony α laths kink during deformation and at higher strains,
dynamic recrystallisation occurs, initially at prior β grain triple points. The α (0002)
texture initially softens during rolling.
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2. During subsequent reheating, initial dissolution of the αs results in slight softening of the α
texture. Globularisation of the α then results in further texture strengthening during recrys-
tallisation, which continues at longer times as coarsening of the αp becomes the dominant
process.
3. The highly curved regions of the initial kinked α colonies contain significant orientation
rotations and dissolve during initial recrystallisation annealing, which is the mechanism
behind texture strengthening during globularisation.
4. At relatively short annealing times, but after globularisation is largely complete, the αs
that forms on cooling takes on several of the possible Burgers OR orientations with the β,
giving rise to a 45◦component in the macroscopic (0002) texture.
5. At longer annealing times, the αs that forms on cooling takes on the orientation of the
surrounding αp and therefore more organised macrozones are produced.

Chapter 5
Effect of Texture on Load
Partitioning in Ti-6Al-4V
Summary
In this chapter neutron diffraction has been used to characterise the evolution of residual elastic
strain in grains with different orientations due to room temperature plastic deformation in two
commonly used plate product forms of Ti-6Al-4V. The textures characterised in this study are
similar to those produced and evaluated in the previous chapter. The evolution of lattice strains
has been rationalised using a two-phase elastic-plastic self consistent model using only the texture
difference between the two product forms. These product forms directly correlate to the textures
and primary processing routes discussed previously in §2.3 and §2.6. When one understands the
mechanisms which lead to the development of macro and micro texture, one must then question its
effect on a polycrystalline component. It is found that the elastic properties of both the bulk and
individual orientations can be reproduced quite satisfactorily, with a C ′ modulus of the β phase
of 15 GPa. The residual microstrains produced are generally greater in the unidirectionally rolled
material than the cross-rolled, but are smaller than in Ti-834. The residual strains accumulated in
the (0002) orientation are near-zero, which can only be reproduced in the modelling by assuming a
critical resolved shear stress for 〈c+ a〉 slip only 1.5× that for 〈a〉 slip, compared to the 3× factor
found for isolated single crystals. The implications of this for our understanding of deformation
in these materials are discussed.
5.1 Introduction
A great amount of research has gone into understanding and optimising the fatigue performance
of titanium alloys, with particular attention to both microstructure and more recently crystal-
lographic texture [8, 7]. The considerable cyclic loads subjected to disc and blade components
when in-service require a full micromechanical understanding when predicting fatigue life.
Modern techniques such as in-situ time-of-flight (TOF) neutron diffraction and synchrotron
X-ray diffraction (SXRD) can be utilised to measure changes in the d-spacing of lattice planes
during loading experiments. At the onset of plasticity, deformation initially occurs in grains
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orientated favourably for slip (‘soft’ grains), with elastic strain partitioning to ‘harder’ grains.
When the load is released the deformation in ‘soft’ grains is irrecoverable. Hence measurable
residual microstrain, termed intergranular and/or interphase strains, remain in grains that are
harder to deform. An elastic-plastic self-consistent (EPSC) model has been used in conjunction
with these techniques to rationalise the observations.
The self-consistent model utilised in this chapter is an extension of the two-phase model de-
veloped in previous work [43, 142]. Model developments during this project include incorporating
the effects of thermal expansion on inherent residual microstrains. This significantly improves
the model’s performance when considering thermomechanically worked two phase polycrystalline
samples such as Ti-6Al-4V. The original model is based on the work of Turner and Tome´ [113].
Their model has been used with great success in the study of load partitioning in single phase
materials including zirconium, nickel and titanium. The model was extended into a two phase
version by Raghunathan and Stapleton et al. in their studies of Ti-10V-2Fe-3Al and Ti-6Al-4V
respectively [43, 142]. This chapter utilises the EPSC model’s texture specific nature to evalu-
ate the differences in macro and micromechanical response of two textured plate product forms
used in aero-engines, a unidirectionally rolled (UD) and a cross-rolled plate (XR). Comparison is
drawn, where appropriate, to the bar product form used by Stapleton et al. [43]. In-situ diffraction
experiments performed on both textured product forms are used to examine the accuracy of the
model predictions of thermal residual strains and evolution of intergranular microstrains during
loading. The implications of the residual strains measured for performance are also examined.
5.2 Self-Consistent Modelling
A brief discussion of the model is described in this chapter but the full derivation can be found
in the experimental and computational techniques section of this thesis. The description below
gives the reader enough information to understand the mathematics behind the thermal residual
strain calculations added to the model as part of this study.
The EPSC model employs a weighted population of grains approach which exploits experimen-
tally measured textures as inputs. Each grain, which is assumed to have the anisotropic elastic
constants and plastic deformation characteristics of a single crystal, is treated as a ellipsoid inclu-
sion embedded in an infinite homogeneous effective medium (HEM) with the average properties
of the aggregate. Following Eshelby [122] and Hutchinson [124], the interaction between the grain
and the medium is obtained from the medium stiffness C, ellipsoid shape and stiffness Cc. This
gives an interaction tensor Ac that relates the applied strain rate to that experienced by each
grain [43, 142]. No lattice/grain rotation or texture evolution is taken into account in this model,
and thus it is only employed to evaluate small strain deformation.
5.2.1 Two-Phase Model Including Thermal Residual Strain Prediction
The adaptation of the single site elastic-plastic self consistent model of Turner and Tome [113] into
one accounting for two phases was done by Raghunathan et al [43, 142]. To summarise the more
extensive description in the experimental and modeling chapter of this thesis, Hooke’s simplified
elastic–plastic constitutive equation remains the same, Eq. 5.1, where Cijkl is the instantaneous
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stiffness relating to the stress increment, σ˙ijkl and the strain increment, ε˙kl. However, the bulk
stiffness is now dependent on the properties of both phases. The resultant bulk self consistent
stiffness is a linear combination of the volume fraction (wi) and the stiffness of each phase present,
as proposed by Hutchinson [124].
σ˙ijkl = Cijklε˙kl (5.1)
Cijkl = w1C
sc(1)
ijkl + w2C
sc(2)
ijkl
= w1〈Cc(1)ijklAc(1)mnkl〉+ w2〈Cc(2)ijklAc(2)mnkl〉 (5.2)
The phase dependent Eshelby tensors used to calculate Ac(i)mnkl in the bulk self-consistent
equation (Eq. 5.2) results in a phase dependent effective stiffness C∗(i)ijkl . The interaction of the
phases is only through the medium (HEM). Hence, the treatment of the calculation remains single
site but permits the incorporation of a second phase. Interface hardening is therefore accounted
for through the plastic properties.
Tightly coupled phase orientation relationships can be captured in a variety of ways in the
self-consistent approach, either by embedding one inclusion inside another [143] or by placing
them adjacent to each other [144]. However, in the present case one phase does not enclose the
other and so such a tight relationship is inappropriate. In the present chapter, the two phase
model of Raghunathan et al [43, 142] is extended to account for thermal contraction from a nil
strain temperature T0 at which the structure is completely relaxed,
σ˙ijkl = Ccijkl : (˙− αT˙ ) (5.3)
where,
Ccijkl = c : (I −
∑
s
ms ⊗
∑
s′
Y ss
′
ms
′
: c) (5.4)
is the incremental elastic-plastic stiffness tensor of the grain. ’:’ delineates the contracted
product, ⊗ represents the un-contracted tensor product, c is the elastic stiffness tensor, ms is
the Schmid tensor. α is the thermal expansion tensor and T˙ is the rate of temperature change
(assumed to be uniform throughout the polycrystal). Y = X−1 is a tensor in the order of the
number of active slip systems in each grain; the components which make up X are a function
of the linear hardening matrix, Xss
′
= hss
′
+ ms : c : ms
′
. All the equations above apply to
individual grains. A constitutive equation based on Eq. 5.3 is proposed for the properties of
the overall aggregate. A linear relationship is assumed to link the overall stress and strain rate
according to ∑˙
= C : (E˙ −AT˙ ) (5.5)
where C is the incremental elastic-plastic tensor of the HEM and A is the overall thermal
expansion tensor. Therefore, the single crystal stiffness is reduced as each grain undergoes the
elastic-plastic transition, depending on the amount of previous slip which has occurred on each
slip system s. The treatment of slip is that of Hill [123] and later described by Hutchinson [124].
The hardening parameters for each active slip system can be described by an extended Voce´
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law which is previously discussed in the experimental chapter of this thesis (§3.3.1)
5.3 Experimental
Polycrystalline components such as Ti-6Al-4V fan blades are composed of grains with differ-
ing crystallographic orientations. When in service, each grain will experience different local
loading conditions. With the onset of plastic deformation, slip first occurs in grains orientated
favourably, i.e. with c-axis perpendicular to the loading direction. The grain neighbour or near-
est grain orientated unfavourably for slip will then experience a local load increase [70]. This
load partitioning effect and subsequent intergranular microstrains were measured in-situ using
TOF neutron diffraction. Neutron diffraction provides a ‘non-destructive’ technique which has
extremely good penetration when compared to other lattice strain measuring techniques such as
synchrotron X-ray diffraction (SXRD). This allows accurate lattice strain measurement of larger
grained material. Unfortunately due to the time required for each measurement, measurements
are performed at a nominal load to avoid creeping of sample materials.
5.3.1 Time-Of-Flight Diffraction
Cross-rolled plate (XR), uni-directionally rolled plate (UD) and forged bar (BAR) Ti-6Al-4V
samples were supplied by Rolls-Royce Plc. Derby, UK. Threaded cylindrical tensile specimens,
with a gauge diameter and length of 6.8mm and 30mm respectively, were machined by P.S.
Marsden, UK. Specimens were machined from parent material with the tensile axis parallel to the
rolling/extrusion direction (Fig. 5.1b). All specimens were tested according to the load schedule
in Fig. 5.6a.
Diffraction measurements in the UD and XR plate specimens were performed using the
ENGIN-X spectrometer at the ISIS spallation neutron source at the Rutherford Appleton Labo-
ratory, Didcot, Oxfordshire, UK. Specimens were tested at a nominal strain rate of 10−4s−1 using
an Instron 50kN machine aligned at 45◦ to the incident beam with detector banks at ±90◦. This
allowed simultaneous measurements of strains parallel (longitudinal) and perpendicular (trans-
verse) to the stress axis, Fig. 5.1a. The incident slits and radial collimators defined a scattering
volume of ∼4 x 8 x 4mm2 with counting times ∼ 25 min per diffraction measurement. An
extensometer was used to allow accurate measurements of engineering strain.
Diffraction data was collected for the {101¯0}, {0002}, {101¯1}, {101¯2}, {112¯0}, {101¯3}, {112¯2},
{202¯1}, {213¯1}, {202¯3} peaks in the hexagonal α-phase and the {110} peak in the β-phase. An
indexed diffraction spectra is shown in Fig. 5.2. Initial elastic measurements were performed,
below the yield stress (σy), up to a load of 600MPa. These readings were then used to back
extrapolate the strain free lattice parameter dhkl0 for each Bragg peak, Table 5.2; this approach
is more accurate than relying on a single measurement at zero load. The gradient of each elastic
graph gave the apparent or diffraction elastic modulus Ehkl of that grain orientation. Beyond
600 MPa, periodic unloads were performed and measurements taken at 5MPa. This was be-
cause limited plastic flow occurs in titanium alloys when held at high homologous stresses, and
so interrupting the tests to wait for the neutron measurements would be inappropriate. The
measurements made are therefore of the residual elastic strains of grains in different diffraction
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Figure 5.2. Indexed diffraction spectra of both plate product forms XR and UD obtained from ENGIN-X, ISIS.
orientations, as opposed to the total elastic strains found when measurements are made at load.
Since these also include a large contribution from the applied stress, estimating the residual mi-
crostrains from on-load data tends to result in large uncertainties due to the uncertainty in the
Ehkl estimates.
Individual peak analysis was conducted using an appropriate pseudo Gaussian peak fitting
function in Wavemetrics Igor Pro using an adapted version of a serial peak fitting script written
by S.S Babu (ORNL, TN). The average elastic strain εhkl for each grain orientation satisfying
the Bragg equation, λ = 2dhklsinθ, can be calculated by measuring the lattice parameter dhkl
and relating it to the unstrained condition dhkl0 as follows:
εhkl =
∆dhkl
dhkl0
(5.6)
As previously discussed, a Gaussian peak fitting function was used, as this is the current
recommendation for ENGIN-X and provides an adequate description of the peaks observed. An
entire diffraction pattern together with a single peak fit can be seen in Fig. 5.3 to illustrate the
symmetry of the Engin-X measured diffraction peak; there is no statistical justification, for this
particular data, for using a less-symmetric peak shape like those observed on older diffractometers
at ISIS. Although only single peak fits were used to measure lattice strains (as discussed in
§2.10.3), the whole diffraction pattern was fitted for initial peak identification purposes.
5.3.2 Texture Measurements
Crystal orientation maps (COM’s) were obtained using electron back scattered diffraction (EBSD)
on a LEO Gemini 1525 FEGSEM. Preparation of the samples involved the steps already discussed
in §4.2.3 in the previous chapter. Macrotexture measurements were obtain using Laboratory X-
ray diffraction (XRD) on a Panalytical X’Pert Pro MPD diffractometer. Data from the {101¯0},
{0002}, {101¯1}, {101¯2}, {112¯0} peaks were obtained in order to compile a complete orientation
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including residuals from ENGIN-X, ISIS.
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Figure 5.4. Multi-surface light microscope imaging and corresponding texture pole figures of (a) XR plate, (b)
UD plate and (c) BAR product forms. Micrographs taken from rolling/extrusion (RD/ED), transverse (TD) and
short-transverse (ST) surfaces.
distribution in PopLA. Calibration measurements were applied to correct for background noise
and defocussing errors. From the orientation distribution function, a weighted 1000 grain orien-
tation file was generated which is used as the texture input for the EPSC model. This was done
in the α-phase for both plate product forms. A random texture was generated for the β-phase
due to the intrinsic problems in the measurement of the β-phase texture.
5.4 Results and Discussion
5.4.1 Microstructure and Texture
All three product forms (compositions in Table 5.1) were provided in the same ‘bimodal’ mi-
crostructural condition with a primary alpha (αp) grain size of ∼15µm (Fig. 5.1c). This mi-
crostructure consists of primary alpha (αp) grains in a transformed beta (β) matrix consisting of
secondary alpha (αs) laths separated with thin ligaments of β phase. The three product forms
differ in the amount of transformed β present in the microstructure, with the UD plate exhibiting
a higher volume fraction than the other two forms. Examination of the transverse and short
transverse surfaces of the bar material (Fig. 5.4c) reveals αp grains slightly elongated (with an
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aspect ratio of 1:3) in the extrusion axis surrounded by transformed β phase.
Table 5.1. Measured chemical composition data (wt.%) for all product forms performed by IncoTest, UK. LEC1
- Leco CS444 analyser, LEC2 - Leco TC436AR analyser, LEC3 - Leco RH404 analyser, ICP - Inductively coupled
plasma OES.
C Al Fe Hppm N O Ti V
BAR 0.011 6.6 0.18 42 0.009 0.17 Balance 4.09
UD 0.01 6.32 0.17 27 0.003 0.19 Balance 4.02
XR 0.008 6.56 0.16 25 0.002 0.2 Balance 4.09
Method of Analysis LEC1 ICP ICP LEC2 LEC2 LEC2 ICP
5.4.2 Thermal Residual Strains
Ti-6Al-4V is a two phase α+β alloy which results in the evolution of two types of thermal strains.
Interphase thermal strains are as a result of the differing coefficients of thermal expansion (CTE)
between the α and β phases when the polycrystal is cooled from the annealing temperature to
room temperature. Secondly, the α phase itself is thermally anisotropic, with the CTE of the
〈a〉 axis larger than that of the 〈c〉 axis [145]. The thermal strain distribution is dependant on
the texture, grain shape and phase distribution within the sample. It has been shown in single
phase α-zirconium that thermal residual stresses are responsible for a differential in tension and
compression properties [146, 45]. The 〈a〉 and 〈c〉 axis CTE’s are not well documented for α
titanium, with most sources reporting either an average or a single 〈a〉 CTE. However, since the
CTE along the 〈c〉 (α33) axis can be theoretically up to 20% smaller [1] than that along the 〈a〉
axis (α11 = α22 ≈ 9.7 × 10−6K−1) axis [34, 147], compressive internal stresses across the basal
plane and tensile stresses across the prismatic planes are induced.
A least-squares approach was used to obtain the ideal room temperature lattice parameters
of the α phase, Equation 5.7, obtaining a and c to be 2.9278A˚ and 4.6775A˚ respectively in the
XR material and 2.9277A˚ and 4.6778A˚ in the UD material.
1
d2hkl
=
4
3a2
(h2 + k2 + hk) +
l2
c2
(5.7)
Deviation of the measured lattice spacings from ideal can then be assumed to be due to thermal
strains imposed during cooling to room temperature from a stress-free temperature, Table 5.2.
These results were then used to fit the CTE’s used in the model using an iterative least squares
approach. This resulted in CTE’s of α11 = α22 = 9.3×10−6K−1 and α33 = 8.7×10−6K−1 in the
α phase and α11 = α22 = α33 = 8.3 × 10−6K−1 in the β phase. These reproduced the observed
deviations reasonably accurately, Table 5.2, using a stress free cooling temperature (T0) of 400◦C,
which is close to the ageing temperature at which all the stresses can be assumed to anneal away.
These values for the CTE are quite similar to those found in the literature [34, 147].
The thermal residual strains obtained are quite small. For example, using an approximate
bulk modulus K = 13(C11 + C12), the hydrostatic stress on the β phase is approx. 20 MPa. In
contrast, in near-α Ti-834 the α phase accumulates up to ∼ 600 µε [120], and in Be [148] the
stresses are around 100-200 MPa. Therefore it is unsurprising that the correlation between the
model and experiment is qualitative rather than precise.
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5.4.3 Elastic Properties
It has been reported that the single crystal elastic constants (Cij) have a profound effect on the
deformation behaviour [151]. Initial estimates for the Cijs used in this chapter were obtained
from literature and are detailed in Table 5.3. These were then used, together with the lattice
parameters c and a, in the Eshelby method to predict the diffraction elastic modulus (DEM) for
each plane in the polycrystal. The Cijs used were then adjusted to obtain a fit to the measured
DEM’s. The predicted response of each phase and of the bulk is only due to the texture imposed
and therefore this is a good test of the model in the elastic regime, as microstructure would be
expected to have only minimal effect on the elastic properties. The bulk stiffness of the UD and
XR products are found to be 124.7 GPa and 119.2 GPa in the rolling direction, which compares to
the predicted values of 123.9 GPa and 119.1 GPa from the model. Similarly, the DEM’s fitted are
in reasonable agreement for both product forms; generally within the measurement uncertainty
with the exception of the {0002} in the XR plate, for which the model fit was 4.0 GPa (4 s.t.d.)
from the measurement.
In the α phase, it has been shown that alloying can affect the measured DEM’s [152]. Table 5.2
shows the fitted model predictions and the experimentally measured DEM as a function of the
orientation parameter H2, given by
H2 = l2/
{
4
3
( c
a
)2 (
h2 + k2 + hk
)
+ l2
}
(5.8)
where h, k, l are the Miller indices and c and a are the lattice parameters. The α phase Cijs
are ordered by H2 to display the monotonic dependence of the single crystal modulus with H2.
The fitted variations in the elastic constants from that for pure α-Ti are small, and correlate well
with the slight increase in, for example, C11 also found by Cho et al. for Al-alloyed Ti-834 [120].
The precise measurement of Cijs for the β phase at room temperature is challenging because
the martensite transformation prevents the retention of the β phase at room temperature in pure
Ti. Thus, techniques such as high temperature phonon dispersion [150] and resonant-ultrasound
spectroscopy [153] have been used with varying degrees of success. A summary table of literature
Cijs for the β phase is shown in ref [142]. This is presumably the explanation for the difference
in our fitted constants compared to the those in the literature, especially when one considers the
partitioning of Al and V to the α and β phases.
It should be noted that the anisotropy of the β phase Cijs affects the calculated DEM of the
α and therefore that, despite there only being one measured β DEM, the β Cij can be obtained.
Interestingly, the fitted Cij for the β phase are consistent with the observation by Collings [34]
and recent work in the biomedical β-Ti community [13, 14, 15] on the effect of electron per atom
Table 5.3. Fitted and literature single crystal elastic constants, Cij in GPa. In the α phase, C66 = C
′ =
(C11 − C12)/2.
C11 C12 C13 C33 C44
α[149] 163.6 92.3 67.9 185.2 47.5
αfitted 170.0 92.0 70.0 192.0 52.0
β[150] 134.0 110.0 — — 36.0
βfitted 138.0 108.0 — — 51.0
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Table 5.4. Critical resolved shear stresses and Voce´ hardening parameters for each slip system, in GPa (used for
modelling both plate forms)
Slip mode Label CRSS (τ0) τ1 θ0 θ1
{110} 〈111〉 β1 0.29 0.3 0.1 0.5
{112} 〈111〉 β2 0.31 0.3 0.1 0.5
{123} 〈111〉 β3 0.35 0.3 0.1 0.5
{0002} 〈112¯0〉 Basal〈a〉 0.33 0.01 0.01 0.01
{101¯0} 〈112¯0〉 Prismatic〈a〉 0.35 0.15 0.4 0.01
{101¯1} 〈112¯0〉 Pyramidal〈a〉 0.38 0.01 0.01 0.01
{112¯2} 〈112¯3〉 Pyramidal1〈c+ a〉 0.49 0.01 0.1 0.08
{101¯1} 〈112¯3〉 Pyramidal2〈c+ a〉 0.52 0.01 0.7 0.08
(e/a) ratio and the shear modulus C ′ = 12(C11 − C12) for the β phase. This is assuming a β
composition of Ti-3Al-15V (wt%), which was measured via microprobe analysis by Elmer [147].
The corresponding α composition was Ti-6.7Al-1.5V. This result, and literature data, is shown
in Figure 5.5.
5.4.4 Deformation Modes
It is well documented that 〈a〉 slip is active on the basal 〈112¯0〉 {0002}, prismatic 〈112¯0〉 {101¯0}
and pyramidal
〈
112¯0
〉 {101¯1} systems. The variation in critical resolved shear stress (CRSS) for
each slip system is thought to be due to alloying additions altering the c/a ratio and the effect of
O, N interstitials. It is well discussed that slip only on close packed planes is insufficient to satisfy
the requirement for general deformation. In particular the primary basal or prism slip systems
are not not capable of accommodating deformation along the c-axis. Hence, either twinning or〈
c+ a
〉
modes are required to ensure full plasticity [154, 42].
It has been reported consistently that the addition of Al as an alloying element suppresses the
activation of twinning modes in titanium alloys containing greater than 4wt% Al [2]. More recent
studies have indicated that twinning is activated in strong transverse/normal basal textured
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Figure 5.5. Effect of the e/a ratio on C’ in TiV alloys; also shown are the results of three less stable β Gum metal
alloys (after references [13, 14, 15]) and the β phase modelled in this chapter.
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samples during low strain rate deformation at room temperature. It has been suggested that
twinning may have been missed in less textured material because complete grain twin rotation is
difficult to distinguish from unrotated grains of similar orientations [39]. Although there is some
evidence for twinning in Ti-6Al-4V, twinning modes will not be activated in the modelling section
of this study. To allow for full plasticity, non basal
〈
c + a
〉 〈
112¯3
〉
slip operating on the {101¯1}
and {112¯2} planes are activated together with the 〈a〉 modes mentioned above, Table 5.4.
5.4.5 Bulk Flow Curve
The experimental bulk response, together with the model predictions, from all product forms is
shown in Fig. 5.6b. It shows that the BAR product is first to yield at ∼800MPa, after which we
see substantial hardening compared to the other two forms. The XR and UD behave elastically
up to ∼825MPa and ∼840MPa respectively, after which show similar constant flow stress until
the end of the test at 8% strain. All tests were carried out with periodic unloading according
to Fig. 5.6a. Fig.5.6b shows the flow behaviour with the interrupts removed. The UD material
shows a sharper yielding transition than the other product forms, whereas the bar shows most
hardening.
The very limited hardening and sharp yielding transition observed is common in titanium
alloys. This phenomenon is very difficult to account for in a micromechanical model. In order to
achieve the softening rate exhibited by the experimental curves, low values of hardening coeffi-
cients have been used. Shell and Semiatin [23, 26] identified areas of intense local strain where it
is believed adiabatic heating with a subsequent microstructural and texture change is account-
able for the observed flow softening. Particularly in Al-alloyed α-Ti, deformation is thought to
channel between ordered (Ti3Al-like) regions, again leading to intense local shear, as observed by
EBSD [155]. This means that 〈a〉 deformation in one grain can initiate 〈c+ a〉 deformation in an
adjacent grain.
5.4.6 Experimental Lattice Response
The simulated and experimental response of individual grain families at 4% plastic strain are
shown in Fig. 5.7 and the evolution with plastic strain is shown in Fig. 5.8. A generally good
agreement is reached between experimental data and model predictions in most grain families.
The general trend is that the UD grain families accommodate more strain than the XR product
in all orientations, both in tension and compression. This might be expected because the overall
UD product strength is slightly greater.
It is noticeable that in the XR {101¯0} orientation, considerable tensile microstrain builds in
the initial 1% percent of deformation, after which, a two step evolution is observed. Strain accu-
mulation ceases between ∼1% to just over 2% strain, followed by a gentle increase in microstrain
up to the end of the test. In contrast, the UD product develops microstrain over the initial ∼2.5%
plastic strain, after which saturation occurs. The UD product accumulates a greater amount of
microstrain in this grain family, ∼1000× 10−6 as opposed to ∼ 700× 10−6 in the XR product.
The {101¯1} orientation shows an interesting response in all product forms. Tensile residual
lattice strains develop in the first ∼0.5%. This microstrain then decreases in magnitude as the
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Figure 5.6. (a) Interrupted loading schedule showing measurement positions for neutron experiments. (b) Bulk
stress-strain curves with model predictions for each product form.
plastic strain evolves, eventually leading to a compressive residual lattice strain (−200×10−6 and
−600× 10−6 in the UD and XR respectively) at the end of the test.
The {202¯1} orientation is substantially different between plate product forms. Most of the
microstrain is accumulated in the first 1.0% of the strain in both products, with the UD material
continuing to amass microstrain up to ∼ 1400 × 10−6 during the remainder of the test. Both
products show an unexpected decrease in microstrain at ∼ 5% strain in this orientation. This is
repeated in the two separate tests which is consistent with an experimental artefact.
The
(
0002
)
orientation accumulates the least residual microstrain in both product forms. The
XR accumulates slightly more microstrain in this grain family (∼ 200×10−6), with both products
decreasing towards 0 as the plastic strain evolves.
The large differences in the uncertainties of the experimental measurements are due to the fact
that all reflections are measured simultaneously during time-of-flight neutron diffraction. This
means that orientations with high intensity will have better counting statistics and hence better
peak profiles, meaning more accurate Gaussian fitting.
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5.4.7 Model Lattice Response
Turning to the summary Figure 5.7, the trend of the most positive tensile residual microstrains
at low and high H2 and most compressive microstrains at intermediate H2 was also found by
Cho et al [120]. These were produced both experimentally and by the models, and are similar in
overall magnitude. Importantly, the magnitude of these residual microstrains is quite large when
expressed as a stress, on the order of 100 MPa for the {1010}, which is large enough to be of
concern in fatigue lifing calculations.
In general, the models predict that the residual microstrains are greater in the UD product
form than the XR, which is broadly consistent with the observed behaviour. However, the rather
similar behaviour between product forms of the {1120}, {1122}, {1012} and {1013} peaks is not
reproduced. Similarly, the difference in overall strength for the bulk flow curve is not satisfactorily
reproduced, despite the (correct) prediction that the microstrains are consequently greater in the
more strongly textured UD material. Therefore one is forced to conclude that the differences in
the UD material’s overall plastic behaviour cannot be satisfactorily captured by this microme-
chanical model purely by changing the texture. Since this type of self-consistent model ignores
grain-to-grain microstructure correlations, it is therefore intuitive to examine that aspect of the
microstructure in an attempt to explain this finding.
Figure 5.9 shows inverse pole figure coloured EBSD maps obtained from the UD, XR and
bar product forms. All colouring is with respect to the rolling/extrusion diffraction. Generally,
consistent with [156] it is found that the UD product form shows more organised and thicker
zones of common orientation than the XR plate. These zones, which are correlated with the prior
β grains from the parent β forging operation that preceded final α+ β processing, are commonly
termed macrozones [94] and originate from the nucleation of colonies of commonly oriented α
that survive rolling and recrystallisation. Bar materials also shows quite thick macrozones but
these are less well organised than in the UD plate. The self-consistent modelling approach ignores
Figure 5.7. Residual microstrain measured at 4% bulk ε against the orientation parameter, H2. The experimental
is represented as solid symbols and the modelled data is represented with hollow symbols for each product form
respectively.
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Figure 5.8. Residual lattice strain response of both plate forms and corresponding EPSC model predictions.
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Figure 5.9. Crystal orientation map (COM) of the deformed regions of the (a) XR, (b) UD, (c) BAR product
forms. Inverse pole figure (IPF) colouring according to the rolling direction is employed.
grain-to-grain correlations and therefore cannot capture the micromechanical implications of this
feature. This line of reasoning implies that one reason for the strength difference between the
products could be the difference in the macrozones observed. Another explanation could be that
other features such as the secondary α lath width, primary α grain size or fraction differ, giving
rise to different values for the critical resolved shear stresses for slip. However, major differences
in these features are not observed in the microstructures.
The other puzzling feature of the predicted and fitted microstrain response is that the (0002)
residual lattice strains are rather low. Since 〈c+ a〉 deformation is found to be rather difficult in
single crystals of α-Ti [2] this is unexpected - the (0002) should be the strongest orientation and
therefore accumulate very large microstrains. In single crystal experiments 〈c+ a〉 slip is found
to be around 3× harder than basal 〈a〉 slip, whereas we fit a difference of around 1.5× in the
present model, similar to the ∼ 1.8× factor in Cho et al’s model [120]. Therefore it appears that
in both Ti-834 and Ti-6Al-4V, polycrsytalline α Ti behaves quite differently to single crystals.
However, an explanation for this feature has recently emerged. In separate work, Pilchak [157],
Bache and Jones [158] and Briton [155] have observed that intense prism slip in a soft-oriented
grain causes significant lattice rotation and prism dislocation nucleation in an adjacent (0002)
grain. This leads to faceted crack formation in this basal-oriented grain, which otherwise has a
near-zero Schmid factor for {1010} slip, consistent with [159]. Therefore the apparent softness
of (0002) oriented grains is due to intense flow localisation in adjacent soft-oriented grains and
subsequent slip transfer, which is a microstructural effect. This effect would also be significantly
modified by the presence of macrozones, which would modify the frequency with which such
grain orientation pairs might occur. However, as also pointed out by Bantounas et al [159], once
facetted crack growth has initiated in an (0002) macrozone, these appear to propagate across the
zone.
In summary therefore, it is important when considering the micromechanics of deformation
in real engineering materials to be aware that the behaviour of a polycrystal is more than the
sum of the constituent single crystals. The present work suggests that the features of deformation
observed in TEM foils and EBSD scans around crack features are widespread enough to dominate
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the micromechanical response of the (0002) grain family even before the initiation of cracking.
These slip transfer effects are widespread and are not unique to special, rare locations in the
microstructure which cause crack initiation.
5.5 Conclusions
The microstrain evolution between grain families in the α phase of Ti-6Al-4V during uniaxial
tensile testing of cross-rolled (XR) and unidirectionally (UD) rolled plate has been investigated
using neutron diffraction. A non-interacting two phase EPSC model has been used to rationalise
the results, taking into account the original inherent residual strains due to thermal contraction
and the specimen textures but applying the same elastic and plastic behaviour. The following
conclusions can be drawn from this work:
• The residual lattice strains built up due to thermal anisotropy are relatively small, amount-
ing to less than 200 µε in all the orientations examined.
• The fitted C ′ modulus of the β phase is consistent with a β composition of Ti-3Al-15V and
a correspondingly low e/a ratio.
• The differences in the elastic properties of different orientations and of the bulk can be
explained in terms of specimen texture using the model applied.
• The residual lattice strains observed are smaller than in Ti-834 and are greatest in the
{1011} and {2021} orientations. They were generally greater in the UD material than the
XR. This general trend is reproduced in the modelling.
• The residual lattice strains observed in the (0002) were near-zero, which could only be
reproduced in the model by using a critical resolved shear stress for 〈c+ a〉 slip that was
relatively low compared to measurements on isolated single crystals.
Consistent with recent work on fatigue faceting, this last conclusion suggests that deformation
in hard-oriented (0002) grains initiates quite commonly from intense slip bands in adjacent, soft-
oriented grains. Therefore deformation in polycrystalline Al-alloyed hexagonal titanium cannot
be considered simply to be an amalgam of single crystal behaviours; grain-to-grain deformation
coupling appears to be an important feature.
Chapter 6
Lattice Strain Evolution during
Tensile and Compressive Loading of
CPTi
Summary
In previous chapters we have focussed on the formation and deformation of two phase polycrys-
talline textured titanium. However, in order to fully understand the details of c-axis deformation
in two phase alloys, one must first understand single phase polycrystalline behaviour. In this
chapter the micromechanics of textured Grade 1 Commercial Purity Titanium (CPTi) are exam-
ined using neutron diffraction, self consistent modelling and microscopy. It is found that twinning
produces greater hardening than slip, that the residual lattice strains produced in the (0002) are
on the order of 0.001 and that both compression and tension twins are observed for both ten-
sile and compression loading. The critical resolved shear stresses found are consistent with the
macroscopic flow curves, lattice strains and resultant textures produced but are much lower than
those found by the FIB-milled micromechanical testing approach. The twins observed in axial
compression were thicker than those found when compressing in the hoop direction, which is
taken to imply that axial compression produced a greater number of twinning dislocations that
could result in twin thickening.
6.1 Introduction
Hexagonal close packed metals show considerable crystal anisotropy and so the role of crystallo-
graphic texture plays a significant role on first tier service properties such as high cycle fatigue.
To understand this textural effect, one must first examine the behaviour of single crystals, fol-
lowed by the effect of grain boundaries and finally the effect of neighbouring grains. A significant
research effort has focussed on the use of micro-mechanical testing with a nano-indenter, using
Focussed Ion Beam (FIB) machined single crystal cantilever beams or pillars in polycrystalline
samples [50, 5, 49, 48, 3, 4]. This work has been used to calculate single crystal elastic constants
(C ′ijs) and Critical Resolved Shear Stresses (CRSS) for prism
〈
a
〉
, basal
〈
a
〉
and pyramidal
〈
c+a
〉
101
102 Lattice strain evolution during tensile and compressive loading of CPTi
using a Finite Element (FE) approach. These results can be directly compared and contrasted
to results of the present chapter as the same parent material is used as in references [5, 49, 48].
Other recent work by Merson et al. [160] studied the effect of crystal orientation on hardness.
The highest hardness was found near the (0002) basal indentation axis. Other indentation studies
have shown a high density of
〈
c + a
〉
dislocations directly below the harder (0002) orientated
indentation. Whereas in the softer orientations mainly
〈
a
〉
dislocations have been identified [161].
This is evidence of slip systems other than
〈
a
〉
slip being activated during deformation. The
Taylor criterion states that at least five independent slip systems are required for full plastic-
ity [162]. This can be achieved by the activation of either the two
〈
c+ a
〉
slip systems (Prismatic
{1¯1¯22}〈112¯3〉 or pyramidal{101¯1}〈112¯3〉) or in the case of commercially pure titanium (CPTi),
by activating twin systems.
The occurrence of twinning drastically changes the the crystallographic texture and the mis-
orientation distribution. Which in turn can lead to strain hardening; twin boundaries can act
as obstacles to subsequent dislocation motion. The main types of deformation twin reported for
titanium deformed at room temperature are listed in Table 6.1. The twin misorientation angle
and axis is also specified from reference [18].
The older elastic-plastic self-consistent (EPSC) model by Turner and Tome´ et al. [113] ac-
counts for elastic effects but not usually for (i) twin activation (ii) twin reorientation (associated
texture evolution), (iii) the specific stress relaxation with twinning [113]. As discussed previ-
ously [43, 44, 142, 46] the model uses the Eshelby inclusion approach [122] to represent grain
interaction via a homogeneous equivalent medium (HEM) with the average properties of the
polycrystal.
An alternative is the visco-plastic self-consistent (VPSC) approach, which uses a visco-plastic
flow rule and can account for large deformations and therefore for texture evolution. It has been
used extensively over the last 20 years for investigating twinning in hcp materials, primarily in
zirconium [114, 163].
In the present chapter, the extended EPSC model of Clausen et al. [47] was utilised, in
which the three limitations of the previous code were addressed (activation, reorientation and
relaxation). The treatment of twinning in the extended model has been shown to be effective in
predicting the evolution of both lattice strain and texture in magnesium alloys. To be clear, this
is a different model to the two-phase mode developed and used in the last Chapter. The reason
for this is that CP Ti twins readily but is single phase, whereas the model in the last chapter was
developed for the two phase, slip-only, small strain, no reorientation situation.
In this chapter, in-situ time-of-flight neutron diffraction was used to evaluate the microme-
chanical behaviour of CPTi deformed axially to the extrusion direction (ED) in both tension and
compression and also a sample loaded compressively in the Hoop direction. Detailed quantitative
electron back scatter diffraction (EBSD) analysis has been undertaken to identify the type and
number of twin systems activated during deformation. Laboratory X-ray diffraction has been
used to characterise the bulk ex-situ texture changes. The extended EPSC model mentioned
previously, has been used to examine the implied deformation mechanisms and contrast with
the results of micro-single crystal testing. The results will also be useful for subsequent crystal
plasticity modelling of twinning.
Texture, Microstructure and Deformation Mechanisms in Titanium Alloys 103
Table 6.1. Orientation of all possible variants for compression twin mode (CT), tensile twinning mode 1 (TT1)
and tensile twinning mode 2 (TT2) (primary) twins described by Euler angles {ϕ1, Φ, ϕ2} in the matrix grain
reference frame. Euler angles are defined according to the Bunge (1982) convention, whereby the principal axes of
the Cartesian crystal reference frame X, Y, Z are aligned with [1010], [1210] and [0001], respectively [18].
ϕ1( ◦) Φ( ◦) ϕ2( ◦)
TT1 variants (35.1 ◦
〈
11¯00
〉
) 0 (modulo 60) 35.1 0
TT2 variants (84.8 ◦
〈
112¯0
〉
) 30(modulo 60) 84.8 30
CT variants (64.6 ◦
〈
11¯00
〉
) 0 (modulo 60) 64.6 0
6.2 Self-Consistent Modelling
The self consistent approach allows for elastic and plastic behaviour of a material to be modelled
by using a weighted population of grains and experimentally measured textures as inputs. A
detailed description of the mathematics can be found the experimental chapter of this thesis
(§3.3).
The extended model, which incorporates the effect of twinning, uses the same self consistent
bulk stiffness equation as used in the original model,
Cijkl = 〈CgijmnAgmnkl〉 (6.1)
where C is the macroscopic stiffness tensor, Cg is the stiffness of an individual ellipsoid grain
g and A is the accommodation tensor, given by Amnrs = (CGijrs +C
∗
ijrs)
−1(Cmnij +C∗mnij). Here,
C∗ is effective stiffness from the Eshelby integration. The scheme is non-linear and therefore is
solved in a iterative manner.
Twinning is implemented in the extended code by Clausen et al. [47]. It accounts for the
activation and relaxation due to twinning and the additional issue involving the fact a new ‘child’
grain is ‘created’ in the parent grain when twin systems become active. The orientation of the new
grain is dependent on the twin system being activated and is calculated from the crystallographic
relationship between the parent and the twin. These twins can grow and reorientate the parent
grain to the new twin orientation. This must be accounted for in the model whilst keeping the
overall volume fraction of the parent grain constant. The increment in the twin volume δwtwin
fraction for each twin is given by
δwtwin =
δγtwin
Stwin
(6.2)
where δγt is the shear increment contributed by the twin system t of the parent grain, and St is
the characteristic twinning shear. Hence the change in the parent grain volume is given by
δwparent = −
∑
twin
δwtwin (6.3)
Table 6.2. Measured chemical composition data (wt.%) performed by IncoTest, UK. LEC1 - Leco CS444 analyser,
LEC2 - Leco TC436AR analyser, LEC3 - Leco RH404 analyser, ICP - Inductively coupled plasma OES.
C Fe H(ppm) N O Ti
CPTi Bar <0.005 0.04 15 0.004 0.06 Bal
Method LEC1 ICP LEC3 LEC2 LEC2
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The changes in volume fraction are implemented after each strain increment. After the twin
has been created the reorientated region is treated as a new independent grain from the parent
grain and the coupling between the parent and the child grains are through the volume transfer.
The twinning approach utilised in this model allow for the parent grain to be completely consumed
by the twin and disappear, i.e. for its weight to go to zero. The elastic stresses imposed by the
twin on the surrounding grain are also accounted for, by requiring the strain (associated with the
twin interface) to be compatible.
6.3 Experimental
Compression and tensile samples from the parent bar (CP Ti Grade 1, Table 6.2, the same bar
supplied by Timet and used in [5, 49, 48]) were taken from the axial and hoop directions, as
L RTransverse bank Longitudinalbank
Sample
Positioning Table
(x, y, z translation & rotation)
Radial Collimator
Slit
Te
ns
ile
 a
xi
s
Scattering Vector 
(Left) 
Scattering Vector 
(Right)
Incident Beam
a)
b)
ED
*Not to scale
Axial Tensile
Axial Compression
Hoop Compression
10 20 30 40 50 60 80 1020304050608070 7010 20 30 40 50 60 70 80 1020304050607080
Figure 6.1. (a) Schematic representation of the ENGIN-X experimental setup at ISIS, UK (after Oliver [16]). (b)
Tensile and compression specimen orientations with respect to the parent bar. Also shown is the detector coverage
for the two detector banks plotted on an equal-area Schmid (pole figure) net, where the centre of the pole figure is
the longitudinal bank and the transverse bank is at the 3 O’Clock and 9 O’Clock positions.
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Figure 6.2. Indexed diffraction spectra from both axial and hoop samples from ENGIN-X, ISIS.
depicted in Figure 6.1b. The diameter of the gauge section used was 6 mm. The samples were
tested at the ENGIN-X neutron diffractometer at the ISIS time-of-flight neutron source, Didcot,
Oxfordshire, UK at room temperature using a 50kN Instron testing machine. The samples were
arranged such that diffraction peaks were collected from grains with diffracting plane normals
in and near the straining and transverse directions, as shown in Figure 6.1a. The detectors at
ENGIN-X are configured to sample a range of sample orientations 6.1a in order to minimise
counting times, and so a region of each texture pole figure is sampled, Figure 6.1b. In the present
case, this allows the evolution of that portion of the texture to be tracked through the loading
sequence. A diffraction volume of 4 mm wide and equal to the sample height (incident beam)
and 8 wide (scattered beam) was sampled, giving counting times of 20 min. 8 measurements
were made in the elastic ramp to acquire the effective moduli of each of the sampled peaks and
measurements of the residual lattice strain due to differential plasticity and twin accommodation
stresses were also made at the nominal load of 5 MPa after plastic straining to strain of 8%.
Measurements were not taken at load in order to avoid creep at high homologous stresses during
counting and to measure the accommodation stresses as accurately as possible. Fig. 6.2 shows
the initial diffraction spectra for both the axial and hoop loaded samples. It is important to note
the lack of both the (0002) and the {101¯3} peaks in the axial sample. Fig. 6.3 shows an example
of a fitted spectra using a Gaussian function in Wavemetrics Igor Pro program. As discussed
in the previous chapter, the modern Engine-X detectors eliminate the asymmetry in the spectra
and deems a simple Gaussian peak fitting function more than adequate for the requirements of
measuring single peak lattice strain.
EBSD was performed on the extrusion plane of all orientations. Samples were prepared by
grinding and polishing, with the final stage consisting of a repeated polish using a mixture of
colloidal silica and hydrogen peroxide (H2O2) and etching using hydrofluoric acid, nitric acid
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and water (2:10:88). This process is repeated until a good cross polarised light image is obtained
(Fig. 6.7). EBSD was conducted on a JEOL 6400 Tungsten filament scanning electron microscope
with HKL channel5 software, at 20keV, with 2x2 binning using a step size of 0.7 µm. Because of
crystal symmetry several twin variants are possible for each twin system. Detailed analysis of the
crystal orientation map (COM) and the local misorientation between parent and twin grains, it
is possible to identify the active twin systems [18]. Laboratory X-ray texture measurements were
used to measure the macrotextures. Data from at least five Bragg peaks was used to reconstruct
a complete sample orientation distribution. A 1000 grain weights file was outputted after the
WIMV calculation and used for the EPSC model input. All textures are are plotted using the
equal hemisphere convention.
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Figure 6.3. (a) Single 101¯1 Gaussian peak fit example and (b) full diffraction spectra peak fit including residuals
for the compressive loaded CPTi specimen from ENGIN-X, ISIS.
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6.4 Results and Discussion
6.4.1 Macroscopic and Elastic Response
The bulk stress-strain curves obtained are shown in Figure 6.4. In compression it is observed
that the hoop direction is much stronger, with a yield stress of around 270 MPa, than the axial
direction which has a strength of less than 200 MPa. An extended yield transition is observed
in both orientations with a saturated hardening rate of around 1.7–2 GPa. In contrast, although
the yield stress in tension for the axial direction is similar to that in compression, the hardening
rate is much lower at ∼ 0.7 GPa.
The measured diffraction elastic moduli are given in Table 6.3 for those orientations with
strong enough Bragg peaks to provide reasonable counting statistics. These are obtained from
the gradient of the initial elastic loading curves, ∂σ/∂εhkil and the uncertainties estimated from
the straight line fit. This provides the effective moduli of each set of grains contributing to the
diffraction peak; they combine both the single crystal moduli and the effect of the accommodation
by the surrounding grains. The results in tension and compression are in good agreement with
each other, as expected, whilst the effect of load direction on the effective moduli for the hoop
and axial specimens is evident. The bulk Young’s modulus was found to be 86.1± 5.9 GPa and
121.3± 4.6 GPa in the axial and hoop directions, respectively. Generally, the stiffness is highest
in the {0002} orientation, is at a minimum for grains with their c-axes tilted to intermediate
angles to the loading direction before rising again for 90◦ rotated grains, again as expected from
the single crystal moduli. Note that the elastic strains experienced due to a given macroscopic
load therefore differ by as much as 14%.
Also shown are the initial measured lattice parameters for each peak for the hoop sample.
These are compared to those obtained by Reitveld refinement of the entire diffraction spectrum.
It is found that the difference, which is a measure of the initial elastic strains present in the
Hoop comp Model
Axial tensile Model
Axial comp Model
Figure 6.4. Bulk stress-strain curves (experimental, solid lines, with unloads removed for clarity) with model
predictions (dotted lines) for different sample orientations and loading modes (colours).
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sample due to e.g. thermal expansion anisotropy on cooling from the processing temperature, is
small in all cases. For instance, an elastic strain of 1 × 10−4 corresponds to a stress of around
10 GPa. For this reason, thermal strains in the starting material were not accounted for in the
model. The ReitVeld refined c/a ratio of 1.586A˚ was used during the modelling.
In the model, the single crystal elastic constants from the literature [19] were used without
fitting, Table 6.4. The comparison to the measured elastic constants was within 1 s.d. of the
experimental measurement in 12/18 cases, with 3/4 of the remainder being within 2 s.d.. The only
measurement lying significantly away from the model predictions was the {1120} axial direction.
This agreement is regarded as remarkable.
The measured residual lattice strains were then fitted by adjusting the critical resolved shear
stresses and hardening parameters, Table 6.5. It was found that the basal and prismatic
〈
a
〉
slip
modes had similar CRSS’s, followed by pyramidal
〈
a
〉
and pyramidal
〈
c+ a
〉
. As expected from
single crystal data for Ti single crystals [2],
〈
c+ a
〉
was around twice as hard as basal and prism〈
a
〉
slip. Tensile and compression twinning with very similar CRSS values to pyramidal
〈
c + a
〉
were used.
The resultant macroscopic stress-strain curves, Figure 6.4, are a compromise fit to the set
of experimental data. The dramatic change in hardening behaviour between compression and
tension is not reproduced, but the difference in flow stress and the extended yielding transition
can be reproduced. Therefore it is clear that a large fraction of the difference between the hoop
and axial forms is due to the texture, but that the model cannot reproduce all of the differences
between tension and compression in the axial direction.
6.4.2 Measured Residual Lattice Strains
The residual lattice strain data, Figure 6.5, which are the residual strains measured in grains
orientated for diffraction in the loading direction after unloading. The {0002} peak could only be
measured in the hoop sample and developed quite significant residual microstrains during the first
0.6% of plastic strain; an elastic strain of 10−4 would correspond to a normal stress of > 120 MPa
for a loaded single crystal, which is in excess of half the flow stress of the alloy in its weakest
orientation. This implies that this orientation deformed less than the surrounding grains, which
is expected as c-axis grains are badly orientated for the soft
〈
a
〉
slip modes. The only other hoop
sample orientation to develop compressive residual microstrains was the {101¯3}, which is also the
nearest measured orientation to {0002}. The majority of the lattice strain is accumulated in the
first 0.6% strain in the {101¯1}, {112¯0}, {101¯0} and {101¯3} families in the hoop sample. Slower
accumulation is observed up to 2% strain in the {112¯2}, {202¯1} and {101¯2} orientations. It is
also interesting to note that all families appear to follow a two step evolution which would suggest
that active deformation modes are causing hardening at different times during the deformation.
The most notable orientations displaying this two step evolution are the {202¯1} and the {101¯0}
where increases of ∼ 200 µε are observed.
Table 6.4. Single crystal elastic constants, Cij (GPa) obtained from the literature [19] . C66 = C
′ = (C11−C12)/2.
C11 C12 C13 C33 C44
α Ti [19] 160.0 90.0 66.0 181.0 46.5
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Figure 6.5. Residual lattice strain response in the loading direction for the hoop compressive and axial tensile
and compression samples (symbols) and corresponding EPSC model predictions (lines).
Only five diffraction peaks were present for the axial samples. Fig. 6.5 shows the model
predictions for the peaks which are unable to be measured experimentally. The accumulation
of residual microstrain is substantially lower in the axially orientated samples. This would be
expected when examining the bulk stress strain plots in Fig. 6.4. In the axial compression sample
all measured orientations were in tension, except for the {112¯2} orientation, which accumulates
a compressive residual strain of approx. −400 µε up to 0.1% strain which would correspond to a
normal stress of > 50 MPa for a single crystal. This microstrain then significantly decreases to
< 100 µε during the deformation up to a bulk strain of 0.7%. The evolution of microstrain then
stays constant until ∼ 4% strain where the orientation passes into the tensile regime, accumulating
∼ 150 µε at the end of the test. This increase in tensile residual microstrain at ∼ 4% strain is
mirrored in the {101¯0} orientation which increases from ∼ 275 µε to ∼ 475 µε in the last 3% of
strain.
The axial tensile sample shows a similar overall response to the axial compression sample,
but reversed in sign due to the reversal in applied straining. The {101¯1} orientation develops
a microstrain of ∼ 500 µε at ∼ 2.7% strain, but the microstrains develop more quickly than
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Figure 6.6. Residual microstrain measured at 5% bulk ε against the orientation parameter, H2. The experimental
is represented as solid symbols and the modelled data is represented by the coloured line corresponding to each
sample respectively.
Table 6.5. Fitted critical resolved shear stresses and Voce´ hardening parameters for each slip system, in GPa
(used for all loading types and directions)
Mode Label CRSS (τ0) τ1 θ0 θ1
{101¯0} 〈112¯0〉 prism 〈a〉 0.08 0.01 0.1 0.01
{0002} 〈112¯0〉 basal 〈a〉 0.09 0.03 0.1 0.01
{101¯1} 〈112¯0〉 pyr 〈a〉 0.11 0.03 0.1 0.01
{101¯1} 〈112¯3〉 pyr 〈c+ a〉 0.26 0.03 0.5 0.1
{101¯2} 〈1¯011〉 TT2 0.22 0.04 1.0 0.1
{112¯2} 〈1¯123〉 CT 0.25 0.04 1.0 0.1
in the compression sample before saturating at a similar value at higher strains. The {112¯2}
orientation initially shows a mirrored response when compared to the axially compressed sample,
developing a tensile microstrain of ∼ 400 µε. The orientation passes from a tensile regime to
a compressive regime earlier at ∼ 1.5%. It then mimics the response, including the sign, of
the axial compression sample and develops a small compressive microstrain at the end of the
test. One interesting difference between the axial loading regimes is in both the {101¯0} and
the {112¯0} orientations the tensile sample shows no increase in residual microstrain in the latter
stages of deformation; whereas residual microstrain is accumulated later in the deformation in
the compressive sample.
6.4.3 Model Residual Lattice Strain Evolution
The plastic fitting parameters used in this chapter are shown in Table 6.5. It should be noted at
this point that the modelling used in this chapter utilises an extended Voce´ Law [164] to recreate
the hardening displayed experimentally. This law is discussed in length in §3.3.1 of this thesis.
Fig. 6.6 compares the trend of the residual microstrains at 5% plastic strain across different
orientations. H2 is the cosine of the angle between the c and a axes, so the (0002) takes a value
112 Lattice strain evolution during tensile and compressive loading of CPTi
of 1 and the {1010}, zero [120]. In the hoop compression sample, the tensile residual microstrains
are found at low H2 which then decrease beyond H2 = 0.21 to a minimum −1000 µε in the
(0002), with the trend being very well reproduced by the model. The reverse is predicted for the
axial sample loaded in tension, with compressive microstrains predicted and observed at low H2
and tensile microstrains at high H2.
In the axial samples, the measurements largely mirror each other, as expected, except for
the {1122} which is the closest measurement to the (0002) orientation. The two compression
measurements give quite similar response across orientations except that the axial response is
smaller in overall magnitude, reflecting the lower overall strength of that sample orientation. The
model for the axial samples corresponds quite closely to the measurements in trend and almost
exactly mirror the tension and compression response. The only exception is the (0002), where
the prediction is for microstrains lower in magnitude in the (0002) than at H2 = 0.75 for the
compression sample but slightly greater for the tensile sample, which reflects a slightly different
combination of twins.
Returning to Fig. 6.5, the accumulated microstrain in the hoop sample (0002) orientation
after 5% strain equates to 120 MPa. This is to be expected due to the difficulty of c-axis
deformation. The model predicted microstrains are in good agreement with the experimental
results in all orientations, apart from the {112¯2} orientation, where the microstrains are over
predicted in all samples. As explained earlier very small experimental microstrains are recorded
in this orientation which is not predicted by the model. An interesting observation of the model
is in the {101¯3} orientation. Here we have a good model fit for the hoop deformed sample but no
peaks could be measured experimentally for the axial loaded samples. The model prediction for
the axial compression sample shows a larger residual microstrain than when compressed in the
hoop direction. This is in contrast to all other orientations. Another interesting feature of the
model prediction is the sharp reduction in the magnitude of the compressive residual microstrain
in the (0002) orientation for the axially compressed sample at ∼ 0.7% strain. This corresponds
to the point at which twinning begins to activate in the model and is a reflection of the strain
state of the twins, which is a large contributor to the predicted diffraction peak response because
of the lack of original (0002)-orientated grains.
Overall, the model appears to reproduce the main features of the lattice strain response
remarkably well.
6.4.4 Texture Evolution and Microscopy Observations
The observed microstructures of the as-received and deformed samples are shown, along with the
corresponding measured and predicted pole figures, in Fig. 6.7. It is observed that the starting
material was largely free of twins and possessed a moderate texture in the transverse and hoop
(TD) directions. The texture of the axial tension sample changed only very slightly with little
twinning observed. However, a small peak in texture was observed near the straining (extrusion)
direction, which may correspond to the small amount of twinning. The model texture also
changes very little compared to the as-received, but the texture softened slightly in both model
and experiment, which is indicative of slip.
The axial compression sample, in contrast, showed a significant number of quite thick defor-
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mation twins and the appearance of a peak in the (0002) texture in the compression direction
characteristic of twinning. This peak was also reproduced, albeit of slightly lower intensity, by
the model. The hoop compression sample showed a dramatic reduction in texture intensity in
the compression (H) direction, which again was reproduced by the model, but to a slightly lesser
extent. Some twins were again observed metallographically.
The size of the twins is also of interest; the number density of twins in the hoop and axial
compression samples is similar, but their thickness is greater in the axial sample.
Kearns [141] developed a methodology for quantifying (0002) textures in terms of the fraction
f ′ in each direction. The model evolution of the Keanrs factors are shown in Figure 6.8, along with
the initial and final measurements (inset). The measurements show that the axial compression
shows the most increase in the extrusion direction, with much smaller increases for the other two
straining conditions, and this trend is reproduced. Overall, the quantitative agreement between
the texture predictions is rather good.
The evolution of the intensity measured during in-situ straining using neutron diffraction
is shown in Figure 6.9. As mentioned previously and in Fig. 6.1(b), these are an average over
a region of the pole figure and therefore give insight into the evolution of texture during the
experiment. The results concur with the laboratory X-ray measurements in Fig. 6.7. However,
the dramatic increase in (0002) intensity in the axial compression test only begins after around
1.5% plastic strain; an incubation period in observed. This could be due to a requirement for a
population of twinning dislocations and/or a requirement for sufficient intergranular strains to be
produced to initiate twining. However, it does correspond quite directly to the sudden change in
the lattice response predicted in Fig. 6.5 after some initial straining, suggesting that this effect
has been reproduced by the model. This therefore is suggestive that the latter explanation is at
least partially correct.
The initial and deformed materials were also observed using EBSD, Fig. 6.10. The crystal
orientation maps (COM) highlight the presence of (0002) twins in red; unindexed points have
not been plotted. Often, index rate decreases with plastic straining due to the broadening of the
Kikuchi lines by dislocation rotation fields, and so this allows a visual indication of the prevalence
of slip to be inferred. The hoop compression sample therefore showed a much greater amount
of slip, and greater change in the grain shapes than the other two samples. The axial tension
sample showed the lowest prevalence of twins and the twins were observed to be thicker in the
axial compression sample than either of the other two.
The twin types can be identified from the twin-matrix reorientations, Table 6.1, and these are
identified in Table 6.6. Because the same area was measured in all three samples, the number
density is also found. The axial tensile sample showed the least amount of twinning and very
similar numbers of twins were found in the compression samples. In addition, all three types of
twinning were found in all three samples - compression twins were not restricted to the compres-
sion samples and neither were tensile twins restricted to the tensile sample. The TT1 {101¯0}〈
112¯0
〉
twin was much more prevalent in tension than in compression while the TT2 and CT
twins were approximately equally prevalent in all three samples. Also, because the twins in the
axial compression sample were thicker, these correspond to a higher overall volume fraction of
twinning.
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Figure 6.7. Cross polarised light micrographs and concomitant experimental [left] and modelled [right] (0002) and
{101¯0} pole figures of the as-received bar, deformed axial tensile, deformed axial compression and deformed hoop
compression samples. TD1 and TD2 represent the two original transverse directions of the forged bar respectively
with the extrusion direction in the Z-direction of the pole figure. R and H represent the hoop and radial directions
of the hoop loaded sample.
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transverse 2 (TD2) directions. Table inset (left) displays the experimental laboratory X-ray Kearns factors for each
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Table 6.6. Twin type occurrence and total twin percentage in deformed CPTi.
Axial Tens Axial Comp Hoop Comp
TT1 3 22 2 4 2 5
TT2 6 43 25 56 23 52
CT 5 35 18 40 19 43
Number %
6.4.5 Implications for the Micromechanics of CP Ti
The critical resolved shear stresses fitted here give quite similar values for all the
〈
a
〉
slip modes
and approximately 2 − 3× greater for both 〈c + a〉 slip and both twin modes, which is in good
agreement with the general expectations from the literature [2]. As Clausen et al. [47] found in
Mg, an incubation period of plasticity seems to generally be required to initiate twinning in hcp
metals. The differing twin thicknesses observed can be rationalised as follows. Twin thickening
proceeds via the adsorption of twinning dislocations into the twin interface, and therefore the
observation of thicker twins corresponds to a higher activity of twinning dislocations in the tensile
(softer) case than in compression. In addition, the axial compression sample showed greater
hardening than in tension, corresponding to the production of more twin interfaces that inhibit
further dislocation motion.
Gong et al. [48] found very much higher CRSSs when testing FIB-milled microcantilever
beams, but a similar ratio between CRSSs of the different slip modes, and did not comment
on twinning. However, their CRSSs were significantly higher; 200 MPa for prism slip, which is
greater than the stress at which deflection of the compression flow curves from elasticity begins.
Therefore it seems to be clear that the results obtained from such small samples are affected
by the pre-existing population of defects that can nucleate deformation, as found by George et
al.[165]. However, the trends in the deformation mechanisms do seem to be robust in such small
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scale testing of metallic materials.
6.5 Conclusions
The evolution of residual lattice strains and texture during the deformation of Grade 1 commercial
purity titanium bar have been examined using in-situ neutron diffraction and post-hoc microscopy
and texture measurements. In addition, the process has been simulated using an elastic plastic
self consistent model. The following conclusions can be drawn from this work
1. In compression, the hoop direction of the bar is stronger than the axial direction, and
the hardening rate of the axial direction in tension is lower than in compression. This is
attributed to a greater degree of twinning in compression than in tension.
2. The lattice strains developed are quite large in comparison to the yield strain, up to 1/3rd
of the flow stress in compression for the (0002). The lattice strains mostly reverse in sign
between compression and tension, and are similar in magnitude for the hoop and axial
compression samples.
3. The textures and lattice strains produced are largely reproduced by the self-consistent
model, although it is not possible to consistently reproduce all the details of the flow curve
using the present model with the same set of input parameters for all three straining direc-
tions.
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Figure 6.10. Crystal orientation map (COM) of the as-received and the deformed regions of the axial tensile,
axial compressive and hoop compressive samples. Inverse pole figure (IPF) colouring is employed according to the
extrusion direction.
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4. It is observed that axial tension has relatively little effect on the texture while axial com-
pression results in reorientation due to twinning to produce (0002)-oriented grains in the
compression direction. Compression along the hoop direction results in softening of the
(0002) texture in the compression direction and twins in the radial direction.
5. Both types of tension twins and the compression twin type were observed in all three
samples, although the {1010} 〈112¯0〉 twin was much more prevalent in tension than com-
pression.
6. The critical resolved shear stresses fitted in the model imply that twinning is of similar
strength to
〈
c + a
〉
slip, while
〈
a
〉
slip is 2-3× softer. The CRSS’s fitted are much lower
than those found by other authors using FIB-milled micromechanical test specimens but
are consistent with the observed macroscopic flow curves.
7. The twins observed in axial compression were much larger than those found in hoop com-
pression but their number density was similar. This is taken to imply that axial compression
produced a greater number of twinning dislocations that could result in twin thickening.
Chapter 7
Conclusions and Further Work
This work has examined the way in which textures and microtextures form during the α− β hot
rolling and recrystallisation of Ti-6Al-4V to produce plate product with a globualer α morphology,
such as that used in aero-engine applications. The effect of texture on the micromechanical
behaviour is then examined using neutron diffraction and complementary modelling. This lead
to an interest in the deformation behaviour of the isolated α phase, and thence to a study of the
micromechanics of twinning in CP Ti. The following conclusions were drawn.
The evolution of texture during the rolling and recrystallisation annealing of Ti-6Al-4V plate
was examined using ex-situ lab. X-ray diffraction and EBSD and in-situ synchrotron X-ray
diffraction. The primary globular α and secondary α in the transformed β microtextures were
separated on the basis of their composition.
During rolling at 950◦C, the colony α laths from β annealing became kinked until at higher
strains, dynamic recrystallisation began to occur at the β grain triple point. The α (0002) texture
initially softened during rolling. On subsequent reheating, dissolution of the αs resulted in slight
softening of the α texture. Globularisation of the αp then resulted during recrystallisation in
strengthening of the (0002) texture. This is attributed to dissolution of the highly curved regions
of the kinked α colonies during recrystallisation.
At short annealing times, but after globularisation was mostly complete, the αs that formed
on cooling was found to have several of the possible Burgers orientation relationships to the
prior β grain, giving rise to a 45◦ component in the macroscopic (0002) texture. However, at
longer annealing times the αs formed on cooling was found to have the same orientation as the
surrounding αp, resulting in the production of more organised macrozones. Two mechanisms for
this effect were postulated; either that the αp – β interface was contained defects that allowed
the nucleation of different orientations, and/or that the β contained sources such as dislocations
that could nucleate αs.
Residual microstrains, that is, the elastic accommodation strains measured through the motion
of different diffraction peaks in the loading direction after plastic straining, were measured by
neutron diffraction in cross rolled and unidirectionally rolled Ti-6Al-4V plate in the bimodal
condition. The initial lattice strains built up due to thermal contraction were found to be small,
< 200 µε in all the orientations exmained. This is to be compared to the yield strain of the
material, which is on the order of 800 MPa/100 GPa = 8000 µε. The residual microstrains
measured were substantially smaller than in near-α Ti-834 and were less than 1000 µε in all
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orientations measured.
A two-phase self-consistent model developed from previous work to include thermal contrac-
tion was used to model the lattice strain evolution. The fitted C ′ modulus of the β phase was
consistent with the β composition of Ti-3Al-15V measured by Elmer et al. and a correspondingly
low e/a ratio, lower even that that found in fully β superelastic Gum metal. The differences in
the elastic moduli measured, both for different diffraction peaks and for the bulk, can be ratio-
nalised using the model. The general trend of the residual lattice strains was reproduced for many
orientations, but the fine differences in the bulk stress-strain curve and the microstrain behaviour
were not.
It was found, as in Cho et al. for Ti-834, that the fitted ratio of the critical resolved shear
stresses (CRSS) for
〈
c+a
〉
slip compared to
〈
a
〉
slip was only around 1.5×, which is low compared
to that measured for CP Ti in single crystals. This was the only way possible to produce the near-
zero (0002) residual microstrains measured. Recent work on fatigue faceting has suggested that
deformation in hard-oriented (0002) grains can initiate from intense slip band in adjacent soft-
oriented, which provides a rationale for this observation. Therefore deformation in polycrystalline
Al-alloyed hexagonal titanium is not an amalgam of single crystal behaviours; grain-to-grain
coupling is an important feature and may be a source of cracking.
The evolution of residual lattice strains and texture in Grade 1 commercially pure Ti bar
loaded in compression and tension in different orientations was also examined. In compression,
the hoop direction was found to be stronger than the axial direction, and the hardening rate was
found to be lower for tension in the axial direction than for compression. This was attributed to
the greater degree of twinning observed in tension.
The lattice strains were found to be quite large in comparison to the yield strain, up to 1/3rd
of the value of the flow stress for compression in the (0002). The lattice strains mostly reverse
between tension and compression, as might be expected, and were similar in magnitude for both
hoop and axial compression.
Axial tension had relatively little effect on the texture while axial compression resulted in
reorientation due to twinning to produced (0002) oriented grains in the compression direction.
Similarly, compression along the hoop direction resulted in softening of the (0002) texture in
the compression direction and twins in the radial direction. Both types of tension twin and the
compression twin were observed in all three samples, although the {1010} 〈1120〉 tension twin
was much more prevalent in tension than compression. The twins observed in axial compression
were much larger than those found in hoop compression although the number density was simi-
lar. It was suggested that this must have been because axial compression produced many more
dislocations that could result in twin thickening.
The textures and lattice strains produced were largely reproduced by the self-consistent model,
although again the details of the flow curve could not be reproduced using a model with the
description of twinning and homogenisation scheme used. The CRSS’s fitted implied that
〈
c+a
〉
slip and twinning had similar strengths, at around 2-3× that of 〈a〉 slip. They were also consistent
with the macroscopic flow curves, unlike those found by other authors who examined the same
parent bar stock by loading FIB-milled micro-cantilever beams. This strongly suggests that in
that work, the damage from FIBing, the loading geometry or the lack of grain boundaries to
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interact with dislocations, mean that the results should be treated with caution when using them
to study the behaviour of polycrystalline engineering materials in service.
7.1 Suggestions for Further Investigations
There are three major avenues suggested for follow-up of this work.
The finding that the macrotextures of bimodal Ti-6Al-4V plate can be manipulated by termi-
nating the recrystallisation anneal at an earlier stage is alluring. If less organised macrozones can
be produced so trivially and cheaply (ie without additional processing steps or tooling), then it is
strongly tempting to ask if these do in fact have the superior high-R HCF and LCF performance
expected; i.e. if the structural unit concept of Rugg, Bache and Evans provides a useful guide to
the improvement of plate performance.
The suggestion that intense shear localisation in soft-oriented grains is responsible for basal
faceting in Al-alloyed titanium is also of great interest. This is taken to be because ordering of the
Al occurs, which then results in dislocation channelling. This suggests that if an α–β titanium
alloy could be produced without such a high Al-equivalent using other α stabilisers, then it would
be less vulnerable to intense shear and therefore to basal faceting, giving an improved fatigue life.
It will also be of interest to see whether crystal plasticity finite element models for CP Ti can
reproduce the results in that chapter with more fidelity than the EPSC model used here. This
would shed light on the importance of grain-to-grain interaction effects on the overall behaviour,
and therefore the importance of measuring grain boundaries. The dislocation activities in axial
and hoop compression, which can be extracted from the model and measured (to an extent) using
TEM, will also be of interest for the MD modelling of twinning in α-Ti.

Appendix A
Summary
In this appendix, supporting summary figures for chapter four are presented, which include in-
termittent heat treatment times to support the chapters final conclusions; the belief that the αs
follows the orientation of the αp grains. Beta texture reconstruction was not preformed on this
data.
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Figure 7.1. Separated αp and αs EBSD map and corresponding (0002) pole figure for the 2hr aged sample
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Figure 7.2. Separated EBSD αp and αs and corresponding (0002) pole figure for the 6hr aged sample
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Figure 7.3. Separated EBSD αp and αs and corresponding (0002) pole figure for the 8hr aged sample
Appendix B
Summary
Extended analysis of the EBSD maps in Chapter 5 yield some interesting results for the calculation
of the Schmid factor for each of the product forms. The maps show how easy it is for slip to
occur on each of the five modelled slip systems. When interpreting these maps one must take into
account the CRSS for each of the slip system. For example, if a sample is orientated favourably
for slip along the c-axis, it would suggest that this would be the strongest orientated sample.
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Figure 7.4. Cross rolled EBSD Schmid factor maps of the five modelled systems. Slip systems are displayed on
the left side with Schmid factor distribution on the right
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Figure 7.5. Uni-directionally rolled EBSD Schmid factor maps of the five modelled systems. Slip systems are
displayed on the left side with Schmid factor distribution on the right
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Figure 7.6. Bar forged EBSD Schmid factor maps of the five modelled systems. Slip systems are displayed on
the left side with Schmid factor distribution on the right
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